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On  prolonged  high- temperature  exposure  in  air,  thermal  barrier  coatings  (TBCs)  on  bond-coated 
superalloys  fail  by  spalling.  We  have  focused  on  identifying  the  underlying  mechanisms  of  failure  and  sought  to 
establish  whether  it  is  a  direct  consequence  of  the  failure  of  the  underlying  thermally  grown  oxide.  We  have 
discovered  a  new  TBC  failure  mode,  one  in  which  failure  is  associated  with  moisture-enhanced  sub-critical 
crack-growth  along  the  bond-coat/thermally  grown  oxide  interface.  By  making  concurrent  piezospectroscopy 
measurements,  the  interfacial  fracture  energy  was  determined  to  be  ~  10  J/m2  -  a  considerably  smaller  value  than 
that  of  sapphire/metal  interfaces  prepared  in  the  laboratory  but  consistent  with  measurements  of  the  effects  of 
segregation  on  metal/ceramic  interfaces.  New  insights  into  the  mechanism  underlying  failure  of  the  thermally 
grown  oxide  have  come  from  direct  optical  microscopy.  These  indicate  that  failure  is  associated  with  surface 
roughness  of  the  bond-coat  and  specifically  that  the  thermally-grown  oxide  separates  from  the  bond-coat  on 
cooling  at  the  concave  (“crests”)  surface  features.  These  locally  separated  regions  grow  with  oxidation  time  and 
are  seen  to  link-up.  These  events  are  believed  to  be  the  precursor  events  that  grow  to  provide  the  critical-sized 
flaws  from  which  buckling  and  spalling  of  thermal  barrier  coatings  occur. 


Thermal  Barrier  Coating,  Oxidation-induced  failure  of  thermal  barrier  coatings, 
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EXECUTIVE  SUMMARY 

On  prolonged  high-temperature  exposure  in  air,  both  protective  thermal  barrier 
coatings  (TBCs)  on  bond-coated  superalloys  and  the  thermally  grown  oxide  (TGO) 
formed  on  the  same  bond-coated  alloys  fail  by  spalling.  During  the  current  year,  we  have 
focused  on  identifying  the  underlying  mechanisms  responsible  for  these  failures  and 
sought  to  establish  whether  the  failure  of  electron-beam  deposited  TBCs  is  a  direct 
consequence  of  the  failure  of  the  thermally  grown  oxide. 

In  the  course  of  this  work,  we  have  discovered  that  one  mode  of  TBC  failure  is 
associated  with  moisture  enhanced  sub-critical  crack-growth  along  the  bond- 
coat/thermally  grown  oxide  interface.  This  is  a  hitherto  unrecognized  failure  mode  and 
was  characterized  using  time-lapsed  microscopy  observations.  By  making  concurrent 
piezospectroscopy  measurements  of  the  residual  stress,  the  interfacial  fracture  energy  was 
determined  to  be  ~  10  J/m2  -  a  considerably  smaller  value  than  that  of  sapphire/metal 
interfaces  prepared  in  the  laboratory  but  consistent  with  measurements  of  the  effects  of 
carbon  segregation  on  metal/ceramic  interfaces.  (This  was  work  performed  earlier  under 
the  preceding  grant  period).  This  discrepancy  is  believed  to  be  a  result  of  segregation  of 
impurities  to  the  interface  during  prolonged  oxidation  exposure.  The  mechanism 
responsible  for  the  nucleation  of  the  observed  failure  has  not  yet  been  identified. 

New  insights  into  the  mechanism  underlying  failure  of  the  thermally  grown  oxide 
have,  surprisingly,  come  from  direct  optical  microscopy  observations.  These  indicate  that 
failure  is  associated  with  surface  roughness  of  the  bond-coat  and  specifically  that  the 
thermally-grown  oxide  separates  from  the  bond-coat  on  cooling  at  the  concave  (“crests”) 
surface  features.  These  locally  separated  regions  grow  with  oxidation  time.  Despite  being 
under  biaxial  compression,  it  is  believed  that  the  oxide  separates  from  the  underlying 
metal  because  the  surface  curvature  geometrically  transforms  the  compressive  stress  to  a 
local  tensile  stress  across  the  oxide/metal  interface.  These  isolated  separations  are  seen  to 
link-up  and  are  believed  to  be  the  precursor  events  that  grow  to  provide  the  critical-sized 
flaws  from  which  buckling  and  spalling  of  thermal  barrier  coatings  occur.  If  this 
separation  process  is  indeed  correct  it  provides  the  “missing  link”  in  applying  the  fracture 
mechanics  of  compressed  films  to  spalling  of  TBCs.  The  mechanics  requires  that  a  flaw 
tens  to  hundreds  of  microns  in  size  to  pre-exist  at  the  oxide/metal  interface.  These  are  not 
present  in  as-deposited  coatings  but  the  separations  we  see  are  observed  to  evolve  to  this 
size.  A  model  for  this  separation  has  recently  been  submitted  for  publication.  The 
gradual  evolution  of  damage  by  localized  separation  and  growth  is  also  consistent  with 
our  piezospectroscopy  measurements  of  the  stress  distribution  in  TBCs  where  we  find 
increasing  spatial  variation  in  residual  stress  with  increasing  oxidation  time  until  failure 
occurs. 
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Luminescence  Characterization  of  Chromium-Containing  6-Alumina 

Qingzhe  Wen,1  Donald  M.  Lipkin,*  and  David  R.  Clarke* 

Materials  Department,  College  of  Engineering,  University  of  California,  Santa  Barbara,  California  93106-5050 


Characteristic  photostimulated  luminescence  (fluores¬ 
cence)  in  the  visible  range  is  reported  from  0  transition 
alumina  prepared  by  using  a  variety  of  methods.  The  lu¬ 
minescence  is  associated  with  trace  concentrations  of  chro¬ 
mium  and  can  be  intensified  by  intentional  chromium  dop¬ 
ing.  The  luminescence  from  0-alumina  is  similar  to,  albeit 
considerably  weaker  than,  the  R-line  luminescence  from 
a-alumina.  The  0-alumina  spectrum  is  characterized  by  a 
doublet  at  -14575  and  14645  cm"1  at  77  K  and  is  blue- 
shifted  from  the  R-lines  of  a-alumina  by  -150  cm-1.  The 
doublet  is  attributed  to  Cr3+  ions  in  octahedral  coordina¬ 
tion  and  can  be  used  for  phase  identification  in  microstruc- 
tural  characterization. 

I.  Introduction 

Although  the  R-line  luminescence  from  chromium-doped 
a-alumina  is  probably  the  most  familiar,  being  the  basis 
for  the  ruby  laser,  strong  luminescence  is  also  known  to  occur 
in  other  oxides  that  contain  substitutional  Cr3+  ions  in  octahe¬ 
dral  coordination.1  For  instance,  R-line  luminescence  has 
been  reported  from  Cr3+  ions  in  MgO  (periclase),1  LiNb03,2 
SrTi03,3  MgSi04  (forsterite),4  Y3A150,2  (YAG),5  and 
MgAl204  (spinel).6-8  In  addition  to  observations  from  the  nor¬ 
mal  spinel,  there  have  been  several  studies  that  concern  the 
details  of  the  luminescence  spectrum  from  other  spinels  to 
determine  the  nature  of  cation  ordering  on  the  tetrahedral  and 
octahedral  sites.8-10  However,  there  have  been  no  reports  of 
fluorescence  from  the  0  or  y  transition  aluminas,  despite  their 
structural  similarities  to  the  other  spinels. 

The  origin  of  the  luminescence  in  the  above-mentioned  ox¬ 
ides  is  the  photostimulation  and  subsequent  radiative  decay  of 
excited  cP  electrons  in  substitutional  Cr3+  ions  located  on  oc¬ 
tahedral  sites.1112  Because  it  has  been  reported  that  Al3*  ions 
can  occupy  octahedral  and  tetrahedral  sites,  in  0-  and  y-alu- 
mina,  it  might  be  expected  that  trace  chromium  would  also 
occupy  these  sites  and,  when  suitably  excited,  result  in  char¬ 
acteristic  luminescence. 

In  this  report,  we  describe  the  luminescence  from  alumi¬ 
nas  prepared  via  several  different  methods.  These  materials 
include  0-  and  y-alumina  powders  annealed  in  the  presence 
of  chromium-containing  vapor,  the  oxide  produced  by  the  ther¬ 
mal  oxidation  of  nickel  aluminide  (NiAl),  and  an  alumina 
film  formed  by  the  solid-phase  epitaxial  regrowth  of  a  chro- 
mia-doped  (Cr203-doped)  amorphous  alumina  on  a  sapphire 
substrate. 

II.  Experimental  Details 

The  visible-range  luminescence  properties  of  the  investi¬ 
gated  aluminas  were  characterized  at  room  temperature  and  at 
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77  K  (by  immersion  in  liquid  nitrogen).  Low-temperature  mea¬ 
surements  were  used  to  minimize  thermal  broadening,  which 
allowed  greater  spectral  resolution.  The  photoluminescence 
was  excited  using  an  argon-ion  laser  at  a  wavelength  (X)  of 
514.5  nm  as  the  excitation  source.  The  resulting  luminescence 
was  collected  and  analyzed  using  a  standard  dispersive  (1  m) 
spectrometer  with  a  liquid-nitrogen-cooled  charge-coupled  de¬ 
vice  (CCD). 

Nominally  pure  0-alumina  powder  and  a  commercially 
available  y-alumina  powder  were  studied.  The  0-alumina  was 
prepared  by  calcining  Disperal  sol  P2  powder  at  a  rate  of  10°C/ 
min  to  1000°C  and  was  identified  as  fully  0-alumina  via  X-ray 
diffraction  (XRD).13  Two  methods  were  used  to  introduce 
chromium  doping  into  the  powders.  In  the  first,  the  powders 
were  pressed  and  then  sintered  for  5  h  at  a  variety  of  tempera¬ 
tures  (up  to  1 100°C)  in  a  capped  alumina  crucible;  a  pellet  of 
Cr203  powder  was  adjacent  to  (but  not  in  physical  contact 
with)  the  alumina  pellet,  so  that  the  alumina  was  exposed  to 
chromium-containing  vapor.  After  sintering,  the  crucible  and 
the  pellets  both  had  a  pinkish  color.  In  the  second  doping 
method,  Cr203  powder  was  mixed  with  the  individual  alumina 
powders  and  pressed  into  pellets  that  were  sintered  for  various 
times  at  1000°  and  1050°C.  After  sintering,  the  samples  were 
characterized  via  XRD  and  luminescence  spectroscopy. 

Aluminum  oxide  was  also  prepared  by  the  oxidation  in  air  of 
(111)  single  crystals  of  NiAl  at  900°  and  1100°C.  Although 
such  oxidation  does  not  lead  to  single-phase  0-alumina,  previ¬ 
ous  work14  has  shown  that  a  coexisting  mixture  of  a-  and 
0-alumina  is  formed;  the  proportion  is  dependent  on  the  oxi¬ 
dation  temperature. 

In  still  another  set  of  experiments,  alumina  thin  films  were 
formed  by  regrowth  of  chromium-doped  amorphous  alumina 
deposited  on  c-plane  sapphire.  These  alumina  thin  films  have 
been  described  previously  by  Wen  et  al. 15 

III.  Observations 

The  as-received  0-alumina  powder  exhibited  a  very  weak 
broad  luminescence  spectrum,  extending  from  -14000  cm"1  to 
14650  cm"1,  as  well  as  two  distinct  peaks  at  14575  and  14645 
cm"1  (denoted  by  downward  arrows  in  Fig.  1)  at  room  tem¬ 
perature  and  in  liquid  nitrogen  (Fig.  1).  The  two  lines  marked 
“a”  in  Fig.  1  (at  -14404  and  14432  cm"1  in  the  77  K  spec¬ 
trum)  are  attributed  to  a  minor  concentration  of  a-Al203,  pre¬ 
sumably  due  to  partial  transformation.  Attempts  to  further  in¬ 
crease  the  chromium  above  the  impurity  level  by  doping  the 
as-received  powder  were  only  partially  successful,  because  the 
powder  readily  transformed  to  a-Al203,  as  evidenced  by  the 
strong  R-line  luminescence.  Nevertheless,  despite  the  partial 
transformation,  the  spectrum  from  the  0-alumina  powder  after 
sintering  for  5  h  at  1050°C  in  the  presence  of  the  chromium- 
containing  vapor  exhibited  the  same  characteristic  lines  in  the 
as-received  powder,  at  14575  and  14645  cm'1.  In  addition,  the 
broad-band  luminescence  decreased  while  the  characteristic 
lines  grew  stronger  in  the  sintered  powder. 

The  as-received  y-alumina  powder  exhibited  no  distinctive 
luminescence  at  either  room  temperature  or  in  liquid  nitrogen, 
with  only  a  weak,  broad  luminescence  background.  After  sin¬ 
tering  in  the  presence  of  Cr203,  the  luminescence  shown  in  Fig. 
2  was  obtained.  The  same  doublet  as  that  recorded  from  the 
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Fig.  1.  Luminescence  spectra  from  the  as-received  0-alumina  pow¬ 
der.  In  addition  to  the  broad  luminescence  extending  from  -14000 
cm-1  to  14645  cm"1,  there  are  two  lines  (denoted  by  the  downward 
arrows)  at  14575  and  14645  cm"1,  as  well  as  evidence  of  a  broader 
line.  The  line  marked  “a”  is  attributed  to  a  minor  concentration  of 
a-alumina  in  the  powder. 


0-alumina  is  present  at  14645-14575  cm"1,  as  well  as  two 
somewhat  broader  peaks  at  14260  and  14360  cm"1.  A  small 
trace  of  a-alumina  is  also  present,  as  indicated.  Very  similar 
but  stronger  luminescence  was  obtained  from  the  cofired  y-alu- 
mina  and  Cr^Oj  powder  (see  Fig.  3).  The  most-notable  feature 
of  the  latter  is  the  increase  in  the  relative  intensity  of  the  line 
at  -14360  cm"1.  Also,  as  with  the  spectra  of  Figs.  1  and  2,  the 
relative  intensities  of  the  two  lines  in  the  14575-14645  cm"1 
doublet  reversed  when  the  powder  was  cooled  in  liquid  nitro¬ 
gen.  XRD  measurements  confirmed  that  the  powder  obtained 
after  both  annealing  treatments  was  predominantly  0-alumina. 

The  spectra  recorded  from  the  oxide  scale  formed  on  the 
(111)  NiAl  surfaces  at  900°  and  1 100°C  were  similar  in  many 
respects  to  those  described  previously  in  this  work,  with  a 
doublet  in  the  region  of  14500-14650  cm"1  (Fig.  4).  However, 
although  the  shape  and  energy  of  the  line  at  14620  cm"1  was 
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Fig.  2.  Luminescence  spectra  from  y-alumina  powder  after  heating 
in  the  presence  of  vapor  from  Cr203  powder  for  5  h  at  1050°C. 
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Fig.  3.  Luminescence  spectra  from  cofired  y-alumina  and  Cr203 
powder  (5  h  at  1050°C);  the  spectra  are  similar  to  that  observed  in  Fig. 
2,  but  with  a  much-intensified  line  at  14360  cm"1. 


almost  unchanged  from  place  to  place  on  the  samples,  there 
were  quite  marked  differences  in  the  lower-frequency  line.  In 
some  locations,  the  line  was  centered  at  -14530  cm"1,  whereas 
in  others,  it  appeared  as  two  distinct  lines,  one  at  14520  cm"1 
and  the  other  at  14570  cm"1.  In  all  the  spectra,  there  was  also 
broad  band  luminescence  in  the  range  of  14150-14350  cm"1. 

Weak  luminescence  at  liquid-nitrogen  temperature  was  also 
recorded  from  the  800-nm-thick  chromium-doped  alumina  film 
regrown  on  sapphire  and  annealed  for  4  h  at  750°C  (Fig.  5). 
The  most-distinctive  feature  of  the  resulting  spectrum  is  the 
doublet  at  the  same  frequency  as  that  observed  in  the  spectra 
from  the  0-alumina  powder.  The  other  doublet,  labeled  a  in 
Fig.  5,  is  attributed  to  the  very  weak  R-line  luminescence  from 
the  ultrahigh-purity  sapphire  substrate. 

IV,  Discussion 

The  observations  reported  here  indicate  that  0-alumina  ex¬ 
hibits  a  distinctive  luminescence  doublet  at  -14626  and  14564 
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Fig.  4.  Luminescence  spectra  from  a  small  region  on  the  surface  of 
(111)  NiAl  after  oxidation  at  1 100°C,  obtained  using  a  l  p,m  optical 
probe.  Other  regions  exhibit  very  strong  R-line  luminescence  from 
a-alumina. 
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Fig.  5.  Liquid-nitrogen  luminescence  spectrum  from  the  alumina 
film  formed  on  sapphire  via  the  regrowth  of  an  800-nm-thick  chro¬ 
mium-doped  amorphous  film  at  750°C  for  4  h. 


cm"1  when  doped  with  chromium.  Although  still  narrow,  the 
lines  are  not  as  sharp  as  those  of  the  R-line  luminescence  from 
Cr3+  ions  in  a-alumina.  The  doublet  is  similar  to  that  previ¬ 
ously  reported  by  Bohandy,16  where  alumina-chromia  mix¬ 
tures  were  annealed  over  a  range  of  temperatures  for  electron- 
spin-resonance  studies.  Although  uncertain  as  to  their  origin, 
Bohandy  conjectured  that  the  peaks  were  analogous  to  the 
R-lines  in  ruby.  However,  the  spectrum  in  his  paper  did  not 
extend  far  enough  to  ascertain  whether  the  weaker  lines  at 
-14300  cm"1  were  also  present. 

Although,  at  this  point,  we  are  unable  to  assign  the  indi¬ 
vidual  lines  to  specific  electronic  transitions,  a  preliminary 
identification  can  be  made  based  on  the  equation  of  state  for 
sapphire  and  the  known  pressure  dependence  of  the  R-line 
luminescence  from  ruby,  assuming  that  the  observed  doublet  is 
also  R-line  luminescence.  An  estimate  of  the  0-alumina  R-line 
energies  can  be  made  if  we  make  the  additional  assumption  that 
the  local  Cr06  octahedral  arrangement  in  0-alumina  can  be 
obtained  by  uniformly  expanding  the  Cr06  octahedron  in  a- 
alumina,  and  that  the  material  maintains  the  bulk  modulus  of 
sapphire.  According  to  the  neutron  diffraction  data  of  Zhou  and 
Snyder,17  the  average  Al-0  distance  for  octahedral  A1  in  0- 
alumina  is  0.1948  nm.  In  contrast,  the  average  Al-0  distance 
in  sapphire  is  only  0.191245  nm.  Assuming  the  Cr-0  distances 
are  the  same  as  the  Al-O  distances  in  both  0-  and  a-alumina, 
there  is  a  volumetric  increase  of  5.7%  in  altering  the  Cr06 
arrangement  in  a-alumina  to  that  of  0-alumina.  The  negative 
pressure  required  to  cause  this  volume  change  can  be  computed 
from  an  equation  of  state  of  sapphire,  for  instance,  the  Birch- 
Mumaghan  equation  of  state:1819 

P(f)  =  3AT0/(1  +  2/)5/2(l  +  axf)  (1) 

where 


and 

a,=^-4) 


K()  is  the  bulk  modulus  of  sapphire  at  ambient  pressure  (254 
GPa)  and  K'()  is  a  constant  that  has  a  value  of  4.3. |Q  Using  this 
relationship,  a  negative  pressure  of  12.5  GPa  is  necessary  to 
produce  the  required  volume  change.  According  to  the  well- 
established  data  for  the  pressure  dependence  of  the  R-line  fluo¬ 
rescence,20"22  the  corresponding  frequency  shift  would  be  95 
cm"1.  Although  the  calculated'shift  is  -100  cm'1  from  the 
observed  displacement  in  the  0-alumina  luminescence  peaks, 
the  discrepancy  is  attributed  to  the  inadequate  accounting  of  the 
changes  in  bond  character  that  accompany  the  0— >a  phase 
transformation.  In  consideration  of  this  evidence,  we  conclude 
that  the  observed  lines  at  14575  and  14650  cm”1  are  R-lines 
due  to  Cr  in  an  octahedral  arrangement.  Interestingly,  the  75 
cm"1  separation  of  the  two  lines  is  larger  than  that  of  the 
RI-R2  separation  in  ruby,  which  suggests  that  the  contribution 
from  the  trigonal  distortion  and  spin-orbit  coupling  is  larger. 
This  phenomenon  may  be  due  to  the  Cr  being  further  froirfthe 
center  of  the  Cr06  than  it  is  in  ruby.  (The  variation  in  lumi¬ 
nescence  frequency  across  the  NiAl  sample  is  attributed  to 
stress-induced  shifts  caused  by  the  thermal  expansion  mis¬ 
match  with  the  underlying  NiAl  alloy.)  The  somewhat  broader 
lines,  centered  at  14332  cm"1,  are  tentatively  ascribed  to  being 
N-Iines  due  to  Cr-Cr  interactions  and  are  at  a  lower  energy 
than  the  R-lines.  Based  on  the  limited  number  of  experiments, 
their  intensity  seems  to  increase  as  the  chromium  concentration 
increases. 

The  fact  that  the  luminescence  from  a-  and  0-alumina  occurs 
at  different  frequencies  provides  an  opportunity  to  use  charac¬ 
teristic  luminescence  for  phase  identification  and  phase  map¬ 
ping  in  microstructural  characterization  studies.  Figure  6  shows 
a  room-temperature  luminescence  image  of  the  spatial  distri¬ 
bution  of  the  a-' and  0-phases  in  the  alumina  formed  via  the 
oxidation  of  NiAl.  The  image  of  the  a-phase  (right-hand  side 
was  formed  by  collecting  the  luminescence  from  the  R-lines 
over  the  range  of  14325-14450  cm"1  and  the  image  of  the 
0-phase  (left-hand  side)  was  formed  using  the  luminescence 
over  the  range  of  14475-14650  cm"1.  Together  with  similar 
images  formed  at  successively  longer  oxidation  times,  such 
images  show  that  the  a-alumina  phase  nucleates  and  grows  by 
consuming  the  0-phase.23  This  transformation  process,  via 
nucleation  and  growth,  is  consistent  with  the  X-ray  findings  of 
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Fig.  6.  Complementary  images  of  the  oxidation  scale  formed  on  a 
(111)  NiAl  surface  formed  using  the  luminescence  from  0-alumina 
(left-hand  side)  and  a-alumina  (right-hand  side);  the  intensity  is  pro¬ 
portional  to  the  luminescence  intensity. 
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Brumm  and  Grabke,14  who  showed  that  the  a-  and  0-phases 
can,  under  certain  conditions,  coexist  within  the  oxide  scale 
that  is  formed  on  NiAl.  Furthermore,  the  observed  frequency 
variation  of  the  0-phase  luminescence  across  the  NiAl  samples 
suggests  that,  with  suitable  calibration,  such  shifts  may  be  use¬ 
ful  for  piezospectroscopic  analysis  of  residual  stresses  in  the 
0-phase. 

V.  Conclusions 

0-alumina  that  contains  trace  chromium  concentrations  has 
been  shown  to  exhibit  characteristic  R-line  luminescence.  This 
phenomenon  is  attributed  to  the  presence  of  Cr3+  ions  in  octa¬ 
hedral  coordination.  The  frequency  shift  of  the  0-alumina  lu¬ 
minescence,  with  respect  to  the  ruby  R-lines,  is  believed  to  be 
a  consequence  of  the  larger  volume  of  the  Cr06  octahedra  in 
the  0-alumina  than  in  a-alumina,  as  well  as  a  change  in  the 
bond  character  that  is  associated  with  the  transformation. 
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Observations  are  reported  of  the  room-temperature  propa¬ 
gation  of  a  spalling  failure  mode  of  a  thermal  barrier  coat¬ 
ing  (TBC)  from  its  bond  coat  after  oxidation.  The  coating  is 
a  Y203-stabilized  Zr02  coating  formed  by  electron-beam 
deposition  on  a  Ni-Co-Cr-Al-Y  bond  coat.  The  spall  shape 
evolution  and  stress  redistribution  as  the  spall  propagates 
are  reported.  The  failure  propagates  primarily  as  an  inter¬ 
face  crack  between  the  bond  coat  and  the  thermally  grown 
aluminum  oxide  (TGO)  formed  on  the  underside  of  the 
TBC  during  oxidation.  The  observations  are  consistent 
with  subcritical  propagation  of  an  interface  crack  between 
the  TGO  and  bond  coat  assisted  by  the  presence  of  mois¬ 
ture.  An  estimate  of  9  J/m2  is  made  of  the  fracture  resis¬ 
tance  in  air  of  the  interface. 


I.  Introduction 

As  with  the  development  of  other  metal/ceramic  systems, 
the  structural  reliability  of  thermal  barrier  coatings  (TBCs) 
is  of  utmost  concern,  and,  therefore,  extensive  research  has 
focused  on  the  mechanisms  of  failure.  Under  normal  circum¬ 
stances,  if  thermal  coatings  fail,  they  generally  do  so  by  spall¬ 
ing  on  cooling  after  thermal  cycling.1  This  is  attributed  to  the 
development  of  thermal  expansion  mismatch  stresses  on  cool¬ 
ing.  Occasionally  another  type  of  failure  occurs,  one  in  which 
the  TBC  spontaneously  spalls  entirely  from  the  alloy  at  room 
temperature  within  some  indefinite  period  of  time,  which  can 
vary  from  hours  to  months,  after  cooling.  The  implication  of 
these  failures  is  that  they  are  associated  with  some  form  of 
subcritical  crack  propagation,  but  they  are  so  infrequent  as  to 
preclude  systematic  study. 

Quite  serendipitously  we  observed  one  of  these  room- 
temperature  spalling  failures  that  was  occurring  at  a  suffi¬ 
ciently  slow  rate  to  make  some  measurements.  Recognizing  the 
unusual  opportunity  this  particular  time-dependent  failure  pre¬ 
sented,  we  examined  its  shape  evolution  and  the  stress  redis¬ 
tribution  in  detail.  Measurements  were  made  of  the  three- 
dimensional  shape  of  the  spall  and  of  the  residual  stress 
distribution  in  the  thermally  grown  aluminum  oxide  (TGO) 
formed  on  the  underside  of  the  TBC.  Residual  stress  measure¬ 
ments  were  made  using  photostimulated  Cr3+  luminescence- 
based  piezospectroscopy.  The  methodology  has  been  described 
in  detail  elsewhere,2-5  as  has  its  application  for  the  nondestruc¬ 
tive,  noncontact  measurement  of  residual  stress  in  the  TGO 
formed  beneath  thermal  barrier  coatings.6 
The  TBC  examined  was  one  deposited  by  electron-beam 
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evaporation  of  Zr02  onto  a  plasma-sprayed  Ni-Co-Cr-Al-Y 
bond  coat  on  a  PWA  1484  superalloy.  After  the  first  cycle  of 
oxidation  for  2  h  at  1121  °C,  the  sample  was  inadvertently 
dropped  and  would,  under  normal  circumstances,  not  have 
been  oxidized  further.  No  damage  was  apparent,  and  the 
sample  was  subsequently  oxidized  for  another  10  h  at  1 12l°C. 
Some  indeterminate  number  of  days  after  cooling,  the  TBC 
buckled  and  spalled  from  the  edge  (Fig.  1(a)).  This  time  was 
subsequently  designated  as  t  =  0  d.  Over  the  next  several 
weeks,  the  failure  advanced  in  several  distinct  branches  across 
the  coating  until  the  spalling  pattern  shown  in  Fig.  1(b)  devel¬ 
oped.  (The  term  buckling  is  used  here  to  describe  the  uplift  of 
the  TBC,  a  precursor  to  subsequent  cracking  and  final  separa¬ 
tion.  Cracking  and  final  separation  are  referred  to  as  spalling.) 

In  the  following  sections,  optical  microscopy  observations  of 
the  buckle  and  spall  propagation  are  presented,  together  with 
measurements  of  its  shape  evolution  and  the  residual  stress 
redistribution. 

II.  Observations 

The  progression  of  failure  over  a  period  of  20  d  is  shown  in 
the  sequence  of  photomicrographs  in  Fig.  1.  During  the  course 
of  these  observations,  the  relative  humidity  in  the  room  was 
-55%.  The  change  in  the  size  and  shape  of  the  spall  can  be  seen 
by  comparing  the  optical  micrographs  in  Fig.  1.  In  the  mea¬ 
surements  described  below,  particular  attention  was  paid  to  the 
extension  of  the  buckle  shown  at  higher  magnification  in  Fig. 
2.  With  time,  the  buckle  propagated  to  the  left  from  the  point 
Q  and  then  deflected  by  -90°.  The  accompanying  crack  along 
the  buckle  ridge  also  bifurcated,  with  one  branch  extending 
along  the  buckle  ridge  in  Fig.  2(b)  to  the  point  designated  as  O. 
With  further  exposure,  the  buckle  continued  to  propagate,  as 
did  the  ridge  line  crack.  Interestingly,  the  width  of  the  buckle 
perpendicular  to  its  propagation  direction  appeared  to  be  ap¬ 
proximately  constant.  In  Figs.  2(a)  and  (b),  the  buckle  extend¬ 
ing  from  point  Q  was  uncracked,  but  at  some  time  between  the 
recording  of  Figs.  2(b)  and  (c),  the  buckle  boundary  cracked 
at  C. 

To  test  whether  the  buckle  extended  in  the  absence  of  mois¬ 
ture,  the  sample  was  held  for  3  d  under  dry  nitrogen  at  zero 
humidity.  No  propagation  was  noted  during  this  period,  but,  as 
soon  as  the  sample  was  again  exposed  to  air,  the  buckle  con¬ 
tinued  to  propagate. 

(1)  Buckling  Morphology 

To  quantify  the  shape  of  the  extending  buckle,  the  height  of 
the  TBC  surface  was  measured  as  a  function  of  distance  in  the 
vicinity  of  the  buckle.  Because  the  heights  were  relatively 
large,  they  were  measured  by  counting  the  rotations  of  the 
optical  microscope  stage  required  to  bring  the  surface  into  fo¬ 
cus  as  a  function  of  position  around  the  buckle.  Measurements 
were  also  made  with  a  diamond  stylus  profilometer;  they  gave 
essentially  the  same  profile.  Although  measurement  error  was 
relatively  large  (±20  p,m),  it  was  substantially  smaller  than  the 
height  of  the  buckle.  The  height  variation  at  t  -  10  d  of  the 
buckle  propagating  toward  the  lower  left  in  Fig.  2  is  shown  in 
the  perspective  three-dimensional  graph  of  Fig.  3.  The  profile 
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Fig.  1.  Appearance  of  buckling  and  spalling  when  (a)  it  was  first 
noticed  and  (b)  20  d  later.  R  is  a  point  of  reference  with  which  the 
extent  of  spalling  can  be  assessed. 


in  the  direction  of  the  crack,  OA,  and  perpendicular  to  the 
crack,  OB,  are  shown  in  Fig.  4(a).  Also  shown  in  Fig.  4(b)  is 
the  profile  along  the  line  QC  of  the  first  buckle.  A  striking 
feature  of  these  profiles  is  that  the  buckled  portions  are  essen¬ 
tially  straight  rather  than  concave  or  convex,  indicating  that  the 


buckled  material  is  not  subject  to  any  significant  act* bending 
moment.  An  estimate  of  residual  strain  in  the  coating  prior  to 
buckling  can  also  be  obtained  geometrically  from  the  buckle 
height  and  width.  For  instance,  using  the  profile  measured 
perpendicular  to  the  buckle  propagation  direction,  i.e.,  along 
the  direction  OB.  the  compressive  residual  strain  relieved  by 
buckling  is  -2.7%.  Similarly,  from  the  profile  along  the  line 
QC,  residual  strain  is  also  calculated  to  be  -2.7%. 

(2)  Piezospectroscopic  Measurements 

In  addition  to  the  morphological  measurements,  a  series  of 
piezospectroscopic  measurements  of  residual  stress  in  the  TGO 
were  made  in  order  to  ascertain  the  strain  energy  release  asso¬ 
ciated  with  failure  propagation.  Measurements  were  made  us¬ 
ing  an  optical  microprobe  in  which  an  argon-ion  laser  was 
focused  onto  the  region  of  interest  identified  in  the  optical 
microscope.  Using  a  lOx  objective  lens,  a  spot  size  of  -50  fim 
could  be  obtained  on  the  sample  surface.  Luminescence  from 
Cr3+  ions  in  the  TGO  excited  by  the  laser  beam  was  collected 
by  the  same  objective  lens  and  passed  through  the  attached 
spectrometer  to  a  charged  couple  device  (CCD)  detector  for 
frequency  analysis. 

Piezospectroscopy  measurements  were  made  as  a  function  of 
distance  from  point  O  in  Fig.  2  in  two  orthogonal  directions, 
OA  and  OB.  The  method  is  shown  schematically  in  Fig.  5. 
Previous  work  has  indicated  that  it  is  possible  to  probe  an 
attached  TGO  through  an  electron-beam-deposited  TBCh  but 
not  through  an  additional  air  gap.  Thus,  luminescence  could  be 
obtained  from  the  TGO  shown  schematically  at  A  but  not  at  B. 
In  addition,  measurements  were  also  made  from  the  ridge  crack 
at  point  Q  in  the  direction  QC.  The  measurements  were  made 
by  traversing  the  sample  with  respect  to  the  stationary  optical 
probe  using  a  computer-controlled  X-Y  stage  fitted  to  the  op¬ 
tical  microprobe.  The  shift,  Av,  in  frequency  of  the  R2  lumi¬ 
nescence  line  from  its  stress-free  frequency  was  used  to  evalu¬ 
ate  the  biaxial  stress  as  follows:  For  a  randomly  oriented 
polycrystalline  A1203,  the  general  piezospectroscopic  relation¬ 
ship2  can  be  written  as 

_  l 

Av  =  -(rij ,  +  n22  +  n33)((TI  x  +  a22  +  <x33) 

1 

=  »ni7(trn  +a22  +  (T33)  (I) 

where  n  are  the  piezospectroscopic  coefficients.  For  a  biaxial 
stress  state,  i.e.,  for  a  =  a,,  =  a22,  <j33  =  0,  the  piezospec¬ 
troscopic  relation  of  Eq.  (1)  can  be  written  as 

_  2 


Fig.  2.  Higher  magnification  images  of  one  branch  of  the  buckling  when  it  was  first  noticed  (left)  and  then  at  the  days  indicated. 
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Fig.  3.  Three-dimensional  plot  of  the  height  of  the  TBC  surface  in 
and  around  the  buckle  propagating  along  the  direction  OA  in  Fig.  2. 
Crack  tip  is  point  O  in  Fig.  2. 


Interfacial 

Bond  Coat  Crack  Front 


Fig.  S.  Schematic  diagram  of  the  optical  probing  of  the  residual 
stress  distribution  in  the  thermally  grown  A1203  beneath  the  TBC  and 
along  the  buckled  regions.  Spectra  can  be  obtained  through  the  TBC 
from  the  A1203  attached  to  the  TBC,  such  as  at  point  A.  Experiments 
indicate  that  the  spectra  could  not  be  obtained  from  the  A1203  attached 
to  the  bond  coat,  such  as  at  B,  because  of  the  air  gap  between  the 
A1203  and  the  TBC. 


where  n„  is  the  trace  of  the  piezospectroscopic  coefficient 
tensor  that  has  a  value  of  7.50  cnr^GPa"1.7 

The  variation  in  residual  biaxial  stress  along  the  length  of  the 
buckle  in  the  direction  OA  of  the  crack  is  shown  in  Fig.  6  at 
t  =  0,  2,  and  7  d.  The  location  of  the  crack  tip  along  the  ridge 
of  the  buckle  at  the  three  times  is  also  noted.  All  three  sets  of 
residual  stress  data  show  similar  behavior,  namely  that,  in  the 
buckled  portion,  the  stress  is  low  (-400  MPa),  whereas,  well 


Distance  [pm] 


Distance  [pm] 


ahead  of  the  buckle,  the  residual  stress  is  very  high  (-4  GPa). 
In  these  two  identifiable  regions,  luminescence  consists  of  two 
distinct  lines,  corresponding  to  the  R\,R2  doublet,  and  the  fre¬ 
quency  shift  of  the  R2  line  is  plotted  as  the  solid  symbols  in  the 
figure.  In  between  the  two  regions,  the  luminescence  can  be 
deconvoluted  into  four  distinct  lines,  a  RlyR2  doublet  with  a 
small  shift  and  a  second  doublet  with  a  larger  shift.  The  larger 
shifts  are  plotted  as  the  open  symbols  in  the  figure.  Our  inter¬ 
pretation  of  this  luminescence  is  that  it  is  recorded  from  the 
vicinity  of  the  interfacial  crack  front  with  the  luminescence 
being  recorded  simultaneously  from  both  the  cracked  (buckled) 
and  uncracked  portions,  i.e.,  highly  stressed  and  less  highly 
stressed  regions.  This  region  is  designated  as  the  decohesion 
front  in  Fig.  6.  (In  this  region,  the  stress  is  unlikely  to  be  pure 
biaxial,  and,  therefore,  the  nominal  biaxial  stress  is  plotted  in 
the  figure.)  Examination  of  the  data  indicates  that  the  decohe¬ 
sion  front  advances  over  the  period  of  measurement  from  a 
position  750  pm  in  front  of  the  initial  crack  tip  (point  O)  to 
1 100  pm  2  d  later  and  then  to  1400  pm  5  d  later.  Subsequently, 
no  further  advance  of  the  decohesion  crack  occurred  in  this 
area  of  the  spalling  pattern,  although  buckling  and  spalling 
progressed  elsewhere.  (Because  the  TBC  is  opaque,  the  deco¬ 
hesion  front  and  the  buckle  boundary  cannot  be  observed 
directly.) 


0  500  1000  1500  2000  2500 


Distance  [pm] 

Fig.  6.  Variation  in  residual  stress  in  the  thermally  grown  A1203  as 
a  function  of  position  along  the  buckle  in  the  direction  OA.  Distance 
is  measured  from  the  initial  position  of  the  tip  of  the  ridge  crack,  O. 
Abrupt  rise  in  residual  stress  corresponds  with  the  position  of  the 
decohesion  front,  i.e.,  the  buckle  boundary. 


Fig.  4.  Height  profile  along  (a)  lines  OA  and  OB  and  (b)  line  OC  in 
Fig.  2. 
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The  variation  in  residual  stress  in  a  direction  perpendicular 
to  the  buckle  (and  ridge  crack)  direction  is  shown  in  Fig.  7.  A 
residual  stress  distribution  similar  to  that  found  along  the 
buckle  direction  (Fig.  6)  is  seen.  The  most  important  difference 
is  that  the  decohesion  front  advances  in  this  case  from  a  posi¬ 
tion  700  fim  from  point  O  to  a  position  1600  fim  from  it  in  the 
first  2  d.  and  then  does  not  advance  further.  A  similar  variation 
in  residual  stress  is  observed  along  the  line  QC,  but  no  advance 
of  the  buckle  along  this  direction  is  noted. 

The  residual  stress  (-4  GPa)  in  the  TGO  in  the  regions  of  the 
TBC  well  ahead  of  the  buckle  boundary  is  the  same  as  the 
intact  region  elsewhere  on  the  sample,  suggesting  that  the  re¬ 
gion  ahead  of  the  buckle  is  undamaged.  The  numerical  value  of 
the  residual  stress  in  the  A1203  is  similar  to  that  measured  on 
other  TBCs:6  it  is  a  combination  of  the  thermal  expansion 
mismatch  stress,  primarily  with  the  underlying  superalloy,  and 
growth  stress  in  the  oxide.  The  compressive  residual  stress,  cr0r, 
in  the  Al203  attached  to  the  buckled  portions  of  the  TBC  is 
almost  constant  from  one  position  to  another,  at  -400  MPa. 
The  elastic  modulus  of  electron-beam-deposited  TBCs,  in  par¬ 
ticular  their  biaxial  modulus  parallel  to  the  bond-coat/TBC 
interface,  is  not  known,  but  its  columnar  microstructure  with  a 
high  density  of  intercolumnar  voids  and  gaps  suggests  it  is  very 
low,  much  smaller  than  the  modulus  of  dense  Zr02  (-200 
GPa).  (A  very  high  biaxial  compliance  is,  in  fact,  a  design 
requirement  of  TBCs.)  This  supposition  is  supported,  indi¬ 
rectly,  by  microhardness  measurements  made  perpendicular  to 
the  TBC  surface.8  Hardness  derived  in  this  way  is  -0.75  GPa. 
as  compared  to  the  hardness  of  dense  Zr02  of  -10  GPa.  The 
indentations  also  exhibit  considerable  crushing,  suggesting  that 
the  true  hardness  is  even  lower. 

In  fact,  the  elastic  modulus  of  the  TBC,  £TBC,  can  be  esti¬ 
mated  from  the  value  of  the  residual  stress  in  the  A1203  TGO 
phase,  o-0r,  after  separation  from  the  bond  coat  but  remaining 
attached  to  the  TBC.  This  is  the  value  shown  in  Fig.  6  for  the 
regions  that  have  buckled.  Using  the  standard  thermal  stress 
equation  for  a  composite  laminate, 

£p  (a0~aTBc), 

a°r~l-v0  l+R  (3) 

where  R  is  the  ratio 


and  where  E0  is  the  modulus  of  the  A1203  (-380  GPa),  v0  the 
Poisson  ratio,  and  h0  and  hTBC  the  thicknesses  of  the  A1303 
(-0.5  fim)  and  the  TBC  (-140  |xm),  respectively.  A T  is  the 
difference  between  the  temperature  at  which  the  TBC  is  de- 


Fig.  7.  Variation  in  residual  stress  in  the  thermally  grown  A1203  as 
a  function  of  position  along  the  direction  OB,  perpendicular  to  the 
buckling  direction. 


posited  { —  1 000  C )  and  room  temperature.  INthg  theseAalues. 
and  assuming  that  the  Poisson  ratio  of  the  A1:0;  and  the  TBC 
are  the  same  (-0.25).  the  biaxial  elastic  modulus  of  the  TBC  is 
estimated  to  be  -1  GPa. 

(3)  Fracture  Surface  Observations 

After  a  portion  of  the  spalled  TBC  had  completely  separated 
from  the  sample,  the  fracture  surface  revealed  by  the  separation 
was  examined  by  both  luminescence  and  scanning  electron 
microscopy.  By  probing  the  luminescence  on  the  fracture  sur¬ 
face  on  the  alloy  side,  we  determined  that  it  was  partially 
covered  with  ot-Al203  with  other  regions  free  of  any  A!:Ov 
The  fracture  surface  is  shown  more  clearly  in  the  scanning 
electron  micrographs  of  Fig.  8,  which  reveal  portions  of  bare 
bond  coat  with  the  rest  of  the  surface  covered  with  fractured 
A1203.  (These  assignments  were  confirmed  by  energy- 
dispersive  X-ray  analysis.)  There  were  two  other  notable  fea¬ 
tures  of  the  exposed  surface.  One  was  the  appearance  of  grain 
impressions  in  the  bare  bond  coat,  interpreted  to  correspond  to 
the  grains  in  the  matching  A1203  phase.  The  other  surprising 
feature  was  that  the  Al203  surface  exhibited  no  fracture  mark¬ 
ings  but  rather  had  the  appearance  of  a  free  oxide  surface. 
Examination  of  the  underside  of  the  TBC  spalled  from  the 


Fig.  8.  Surface  on  the  alloy  side  exposed  by  the  spalling  away  of 
the  TBC:  (a)  low-magnification  image  revealing  that  the  surface  is 
principally  covered  by  the  thermally  grown  oxide  but  also  has  re¬ 
gions  in  which  the  bond  coat  is  exposed  (the  bright  regions)  and  (b) 
higher-magnification  image  showing  grain  imprints  in  the  bond  coat 
and  the  surface  of  the  thermally  grown  AI203,  (Scanning  electron 
micrographs.) 
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sample^revealed  it  was  principally  Zr02  with  patches  of  A1203. 
as  shown  in  the  low-magnification  image  in  Fig.  9(a)  taken 
from  close  to  the  edge  of  one  of  the  spalled  flakes  of  TBC  so 
as  to  also  image  the  Zr02  columns  of  the  TBC.  Although 
quantitative  comparisons  were  not  made,  the  areal  density  of 
the  AI203  patches  corresponded  to  that  of  the  bare  bond  coat 
seen  on  the  exposed  surface  on  the  alloy.  Closer  examination 
revealed  that  the  majority  of  the  A1203  surface  had  the  mor¬ 
phology  of  a  free  surface  with  the  angular  features  of  individual 
grains  clearly  delineated  as  shown  in  Fig.  9(b).  In  the  image,  as 
elsewhere  on  the  underside  of  the  TBC,  the  morphology  of  the 
Zr02  surface  suggested  that  it  also  had  been  a  free  surface  and 
exhibited  no  indications  of  being  a  fracture  surface.  Taken 
together  with  observations  of  the  A1203  surface  on  the  exposed 
alloy,  these  observations  suggested  that,  before  failure  by  TBC 
buckling,  there  was  actually  very  little  contact  between  the 
TBC  and  the  underlying  bond  coat.  Then,  when  failure  oc¬ 
curred,  it  was  by  sequential  fracture,  at  the  bond-coat/TGO 
interface,  of  the  fully  bonded  regions.  The  process  is  shown 
schematically  in  Fig.  10.  The  reason  for  the  areas  in  which 
there  was  no  bonding  between  the  Zr02  TBC  and  the  TGO  on 
the  bond  coat  is  not  known.  However,  one  can  surmise  that  it 
was  due  to  the  densification  of  the  metastable  A1203,  initially 
formed  in  the  heating  stages  prior  to  coating,  as  it  transformed 
to  a-Al203  after  TBC  deposition. 


Fig.  9.  (a)  Underside  of  the  TBC  after  spalling  away.  Surface  is 
principally  Zr02  with  patches  of  attached  thermally  grown  A1203.  (b) 
Higher-magnification  image  reveals  the  Zr02  surface  is  porous  with 
no  indication  of  fracture  and  the  alumina  surface  has  the  granular 
appearance  of  an  oxide/metal  interface  formed  by  oxidation  of  a  metal. 


Fig.  10.  Schematic  representation  of  the  TBC/Al203/bond-coat  sys¬ 
tem  before  and  after  fracture  (not  to  scale).  Postspalling  microscopy 
observations  (Figs.  8  and  9)  suggest  that,  before  failure,  the  TBC  was 
attached  only  to  the  A1203  over  a  small  fraction  of  the  entire  coated 
area.  Failure  then  occurred  by  the  successive  fracture  of  the  intact 
regions  at  the  bond-coat/Al203  interface. 

III.  Discussion  and  Implications 

Optical  microscopy  observations  and  the  associated  topo¬ 
graphic  measurements  indicate  that  the  TBC  failure  propagates 
first  by  the  extension  of  a  buckled  region  followed  by  cracking 
at  the  ridge  of  the  buckle  and  then  of  the  coating  at  the  buckle 
boundaries.  Once  ridge  and  boundary  cracking  of  the  TBC 
have  occurred,  the  coating  is  then  free  to  detach.  Failure  propa¬ 
gation  is  thus  macroscopically  similar  to  that  observed  in  the 
failure  of  highly  stressed  thin  films  under  compression,  such  as 
coatings9  and  diamond  films  on  silicon  substrates.10  Examina¬ 
tion  of  the  surfaces  exposed  by  spalling  reveals  that  buckling 
propagates  by  the  successive  failure  of  those  regions  of  TGO 
attached  to  both  the  bond  coat  and  the  TBC.  This  is  supported 
by  the  matching  morphology  of  the  patches  of  A1203  on  the 
TBC  and  the  bare  bond  coat  on  the  alloy  side  and,  in  turn, 
suggests  that  the  failure  occurs  at  the  Al203/bond-coat  interface 
and  does  so  by  moisture-enhanced  subcritical  crack  growth, 
because  the  A1203  grain  features  are  preserved.  The  propaga¬ 
tion  of  the  buckle  by  a  subcritical  crack  growth  mechanism  is 
manifest  not  only  in  the  appearance  of  the  buckle  with  time  but 
also  in  the  redistribution  of  the  residual  stress  in  the  TGO  with 
time  (Figs.  6  and  7). 

Piezospectroscopic  measurements  of  the  residual  stress  and 
scanning  electron  microscopy  observations  provide  the  quan¬ 
titative  data  needed  to  estimate  the  fracture  energy  of  the  TGO/ 
bond-coat  interface  under  propagation  conditions.  Optical  mi¬ 
croscopy  observations  indicate  that  the  spall  propagates  under 
approximately  steady  state  and  that  the  width  of  the  buckled 
region  remains  approximately  constant.  Under  such  condi¬ 
tions,  we  idealize  the  propagation  as  shown  in  the  plan  view  in 
Fig.  1 1  and  apply  the  mechanics  of  buckling  worked  out  in 
considerable  detail  for  different  types  of  buckling.11"14  Of  the 
analyses,  that  by  Thouless14  is  most  appropriate,  because  it 
includes  the  propagation  of  a  crack  along  the  buckle  ridge  as 
well  as  the  buckling  itself.  Using  this  analysis  and  recognizing 
that,  when  the  buckle  extends  by  a  distance  Ajc  under  steady- 
state  conditions,  the  elastic  strain  energy  in  the  TGO  is  partially 
relieved  and  the  interfacial  fracture  energy  can  be  obtained 
from  the  difference  in  elastic  strain  energy  between  an  area 
2 b(kx)  ahead  of  the  propagating  buckle  and  the  same  area  after 
buckling, 


(5) 
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Fig.  11.  Schematic  representation  of  a  buckle  propagation  used  to 
estimate  the  crack  driving  force  and,  hence,  the  interfacial  fracture 
resistance. 


where 

7T  2E  fh\2 

U'  ~  12(1  -  v2)U/  (6) 

and  where  a0  is  the  residual  stress  in  the  film  prior  to  buckling, 
c jj  the  critical  buckling  stress,  E  the  elastic  modulus,  h  the  film 
thickness,  and  b  the  half- width  of  the  buckle.  The  additional 
term  /is  the  fraction  of  the  total  buckle  area  that  fractures  and 
is  included  to  account  for  the  observation  that  only  a  portion,/, 
of  the  TBC/TGO/bond-coat  interface  is  apparently  intact  be¬ 
fore  failure.  From  microscopy  observations,  this  factor  is  de¬ 
termined  to  be  0.22  using  a  commercial  image  analyzer.  From 
the  piezospectroscopic  measurements  and  calculations  of  the 
critical  buckling,  cr0  »  <tx,  Eq  (5)  can  be  approximated  as 

gpMl  -  V2) 

°E  “  2E  (7) 

This  expression  can  be  evaluated  by  assuming  that  the  elastic 
strain  energy  in  the  Zr02  TBC  is  negligible.  This  is  reasonable 
despite  its  significant  thickness  because  of  its  exceptionally 
low  elastic  modulus.  There  are,  unfortunately,  no  values  in  the 
open  literature  for  the  biaxial  elastic  modulus  of  electron- 
beam-deposited  TBCs.  (In  fact,  this  remains  an  unanswered 
challenge,  because  the  in-plane  biaxial  modulus  determines  the 
compliance  of  the  TBC  when  subjected  to  the  very  large  ther¬ 
mal  mismatch  strains.)  However,  as  described  in  Section  11(2), 
the  value  of  the  residual  stress  in  the  A1203  remaining  attached 
to  the  TBC  is  consistent  with  a  biaxial  modulus  of  the  TBC  of 
~i  GPa,  which  is  considerably  smaller  than  the  modulus  of 
dense  Y203-stabilized  Zr02.  This  low  value  for  the  biaxial 
modulus  of  the  TBC  is  also  consistent  with  the  buckle  profiles 
(Fig.  4),  which  show  that  the  buckled  material  is  straight  and, 
hence,  not  under  appreciable  bending  moment.  The  piezospec¬ 
troscopic  measurements  indicate  that  the  residual  biaxial  stress 
in  the  TGO  in  the  intact  region  is  -4  GPa,  whereas  after  the 
buckle  front  passes,  the  residual  biaxial  stress  falls  to  -0.4  GPa. 
Assuming  that  the  elastic  modulus  of  the  TGO  is  -380  GPa  and 
its  thickness  is  0.5  |xm,  and  using  the  expression  above,  the 
interfacial  fracture  energy  is  estimated  to  be  ~9  J-m-2.  This 
compares  quite  fortuitously  with  the  fracture  energy  of  the 
nickel/sapphire  interface  of  10  J-m“2.15  Although  there  are  sev¬ 
eral  other  reports  in  the  literature  of  the  fracture  resistance  of 
metal/ceramic  interfaces,16-17  including  observations  of  sub- 
critical  crack  growth  in  the  presence  of  moisture,17  the  authors 


are  unaware  of  any  other  work  on  the  fracture 'resistance  of  the 
nickel/Al203  interface,  the  interface  pertinent  to  the  oxide/ 
bond-coat  interface. 

For  some  reason,  presumably  associated  with  its  deposition 
as  discussed  above,  the  TBC  in  this  particular  instance  is  not 
well-attached  to  the  bond  coat  and,  as  a  result,  may  not  be 
typical  of  high-performance  TBCs.  This  may  be  why  it  is  pos¬ 
sible  to  observe  the  slow  propagation  of  the  TBC  in  this  case. 
However,  the  relatively  low  fracture  energy  of  the  Al203/bond- 
coat  interface  and  its  susceptibility  to  moisture-enhanced  crack 
growth  suggest  that  it  is  of  utmost  importance  to  shield  this 
interface  from  moisture.  In  retrospect,  it  is  possible  that  the 
failure  observed  was  initiated  when  the  sample  was  dropped, 
thereby  damaging  the  TBC  at  the  edge  and  exposing  the  A1203/ 
bond-coat  interface.  This  suggests,  in  turn,  that  systematic 
studies  of  subcritical  growth  in  TBC  systems  at  different  hu¬ 
midities  be  undertaken,  together  with  the  use  of  deliberatedly 
introduced  controlled  defects  to  initiate  failure  under  pre¬ 
scribed  conditions. 

IV.  Conclusions 

Room-temperature  time-dependent  failure  of  an  electron- 
beam-deposited  Zr02  TBC  occurs  over  a  period  of  several 
weeks.  By  combining  optical  and  scanning  electron  micros¬ 
copy  observations  with  piezospectroscopic  measurements,  it  is 
concluded  that  the  observed  macroscopic  failure  by  buckling 
and  subsequent  spalling  of  the  TBC  is  mediated  by  subcritical 
crack  growth  along  the  TGO/bond-coat  interface,  presumably 
enhanced  by  the  presence  of  moisture.  Fracture  energy  of  the 
interface  is  estimated  to  be  -9  J*rrr2. 
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Highly  stressed  coatings ,  such  as  those  formed  by  oxidation  can ,  on  occasion, 
wrinkle .  Such  wrinkling  has  been  suggested  as  a  mode  of  deformation  by  which 
the  overall  strain  energy  in  a  compressively  stressed  coating  can  be  reduced. 
One  of  the  consequences  of  wrinkling  is  that  the  strain  in  the  coating  does  not 
remain  independent  of  position ,  but  rather  varies  over  the  wavelength  of  the 
wrinkling .  The  strain  variation  caused  by  sinusoidal' wrinkling  is  calculated 
using  finite-element  methods  and  the  effects  on  both  photostimulated  Cr3+ 
luminescence  piezospectroscopy  measurements  and  X-ray  measurements  calcu¬ 
lated.  Wrinkling  is  shown  to  decrease  the  elastic-strain-energy  density  in  the 
coating.  A  direct  measure  of  the  decrease  is  the  shift  in  the  R2  Cr3+  lumi¬ 
nescence  line  and  the  X-ray  diffraction  peaks.  Wrinkling  of  a  compressive 
coating  also  causes  stresses  to  be  created  perpendicular  to  the  coating-sub¬ 
strate  interface ,  tensile  at  the  crests  in  the  wrinkles,  and  compressive  stress  at 
the  troughs. 


KEY  WORDS:  residual  stresses;  finite-element  modeling;  wrinkling;  strain  measurements. 


INTRODUCTION 

It  is  a  common  observation  in  the  oxidation  literature  that  oxide  scales 
formed  on  the  flat  surfaces  of  certain  metals  do  not  remain  flat  during  oxi¬ 
dation  but  instead  wrinkle.  Such  wrinkling  is  seen  on  both  single  crystals  of 
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Table  I.  Physical  Properties  of  Oxide  Film  and  Metal  Alloy 


Young’s  modulus 

Poisson’s 

Thermal-expansion 

Materials 

(GPa) 

ratio 

coefficient 

Oxide  film 

400 

0.25 

8.0  x  I0'6 

Metal  alloy 

200 

0.3 

13.7  x  I0‘6 

STRAIN  CALCULATIONS 

In  calculating  the  strain  distribution  within  a  wrinkled  coating  or  film, 
the  coating  is  assumed  to  be  attached  to  a  very  thick,  thermal-expansion- 
mismatched  solid  having  a  sinusoidally  varying  surface.  For  simplicity,  both 
the  coating  and  the  substrate  are  assumed  to  be  elastic.  The  coating  is  rep¬ 
resented  by  an  isotropic  elastic  material  having  the  physical  properties  listed 
in  Table  I.  The  properties  of  the  metal  are  also  listed.  In  developing  the 
residual  stress  in  the  coating,  the  strains  in  the  metal  and  coating  are  com¬ 
puted  using  known  thermal-expansion  coefficients  (appropriate  to  FeCrAl 
and  aluminum  oxide)  and  a  temperature  difference  of  975°C.  The  strain 
distribution  is  calculated  using  a  commercial  finite-element  program 
(ABAQUS).  For  purposes  of  computation,  symmetry  permits  a  unit  cell  of 
one-half  of  the  sinusoid  to  be  analyzed  (shown  by  the  dashed  region  BCDE 
in  Fig.  2).  The  length  scales  in  the  computation  are  the  thickness,  H,  of  the 
coating,  the  wavelength,  2 L,  and  amplitude,  A,  of  the  sinusoid  and  the 
thickness  of  the  metal.  As  a  check,  the  biaxial  stress  and  elastic  strain  energy 


Fig.  2.  Geometry  used  in  the  finite-element  computations.  The  computational  unit 
cell  BCDE  is  shown  within  the  dashed  lines. 
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Table  II.  Comparison  of  Analytical  and  Finite-Element  Results  on  Flat 

Film 


Stress 

Elastic-strain-energy  density 

(GPa) 

(MJ/m3) 

Analytical  solution 

2.964 

16.47 

Finite-element  result 

2.937 

16.17 

in  a  flat  coating  were  computed  and  compared  with  the  known,  analytical 
results  (Table  II).  Two  geometries  were  considered:  one  of  generalized  plane 
strain  in  which  the  sinusoid  varies  in  the  x-direction  only  and  the  other  the 
axisymmetric  geometry  in  which  a  sinusoidal  variation  with  radial  distance 
is  assumed.  The  strains  were  calculated  from  the  average  of  nine  integration 
points  within  each  element.  The  strain-energy  densities  were  calculated 
directly  in  each  element  and  then  integrated  over  the  whole  mesh  to  derive 
the  total  elastic-strain  energy. 

Detailed  computations  of  the  strain  distribution  throughout  the  coat¬ 
ings  were  carried  out,  including  the  hydrostatic  strains  and  the  strains  nor¬ 
mal  to  the  mean  coating  surface.  As  will  be  described,  the  former  were  used 
in  evaluating  the  piezospectroscopic  shifts  and  the  latter  for  evaluating  the 
XRD  shifts.  Where  appropriate  the  stresses  in  the  coating  were  calculated 
from  the  computed  strains  through  the  generalized  Hooke’s  law. 

The  general  result  is  that  as  the  amplitude  of  the  wrinkling  increases 
and  the  wavelength  decreases,  the  distribution  of  strain  in  both  the  scale 
and  the  underlying  metal  become  increasingly  inhomogeneous.  An  example 
of  this  is  shown  in  both  Figs.  3  and  4  for  two  different  ratios  of  the  wrinkling 
amplitude  and  wavelength,  one  corresponding  to  a  rather  small  wrinkling 
and  the  other  with  a  more  pronounced  wrinkling.  As  indicated  by  the  con¬ 
tours  of  hydrostatic  strain  in  Fig.  3,  the  spatial  variation  in  strain  increases 
and  the  numerical  values  also  exhibit  a  broader  variation  as  the  wrinkling 
is  increased.  A  similar  behavior  is  shown  by  the  normal  strains  as  shown  in 
Fig.  4.  In  the  absence  of  any  wrinkling,  there  are  no  stresses  perpendicular 
to  the  coating-substrate  interface,  but  they  are  created  once  wrinkling 
occurs  with  tensile  stresses  at  the  crests  of  the  wrinkles  and  compressive 
stresses  at  the  valleys.  These  stresses  perpendicular  to  the  interface  are  pre¬ 
sented  and  discussed  in  detail  later.  The  general  trend  they  exhibit  is  that 
their  magnitude  increases  with  increasing  wrinkling  and  while  the  point  of 
maximum  tensile  stress  remains  at  the  coating-metal  interface  at  the  crests 
the  point  of  maximum  compressive  stress  moves  from  the  coating-metal 
interface  toward  the  coating-air  interface. 

In  Fig.  5,  the  effect  of  wrinkling  amplitude  and  wavelength  on  the  elastic- 
strain-energy  density  is  plotted.  As  expected,  when  the  wrinkling  wavelength 
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Fig.  3.  Contours  of  the  hydrostatic  strain  distribution  in  the  scale  and  underlying  metal  for 
(a)  A/H  -  0.5,  L/H  =  4.0,  and  (b)  A/H  =  1.0,  L/H  =  2.0.  Contours  are  in  units  of  10-3. 


is  large  compared  to  both  the  scale  thickness  and  the  wrinkling  amplitude, 
the  strain  energy  approaches  that  of  a  flat  coating.  This  is  a  direct  conse¬ 
quence  of  the  elastic  distortions  being  small  under  these  conditions.  As  the 
wavelength,  coating  thickness,  and  amplitude  become  comparable,  the 
strain  energy  decreases  rapidly.  Although  the  actual  values  are  dependent 
on  the  coating  thickness,  for  most  combinations  of  length  scales,  the  curves 
are  just  shifted  with  respect  to  one  another.  The  exception  being  when  the 
coating  thickness  is  similar  to  that  of  the  amplitude,  in  which  case  the  curves 
begin  to  cross. 


PIEZOSPECTROSCOPIC  ANALYSIS 

A  detailed  description  of  the  piezospectroscopic  analysis  technique 
applied  to  the  measurement  of  stress  and  strain  in  polycrystalline  aluminum 
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Fig.  4.  Contours  of  the  normal  strain  distribution  in  the  scale  and  underlying  metal  for  (a) 
A/H  =  0.5,  L/H  =  4.0,  and  (b)  A/H  =  1.0,  L/H  =  2.0.  Contours  are  in  units  of  10~5. 


oxide  has  been  presented  elsewhere.6  7  In  brief,  the  characteristic  photo- 
stimulated  R-line  luminescence,  from  trace  amounts  of  Cr3*  in  solid 
solution,  is  shifted  from  their  unstrained  frequencies  when  aluminum  oxide 
is  strained.  The  shift  in  frequency  of  the  R1  and  R2  lines,  which  in 
unstrained  aluminum  oxide  are  at  14402  and  14432  cm-1,  respectively,  at 
room  temperature,  is  related  to  the  strain,  to  first  order,  by  the  relation: 

Av=  n,y(e)e,y  (1) 

where  n#(£)  are  the  piezospectroscopic  strain  coefficients.  In  polycrystalline 
alumina,  provided  the  luminescence  is  collected  from  a  region  containing  a 
sufficient  number  of  grains,  considerable  simplification  of  Eq.  (1)  occurs 
and  the  piezospectroscopic  shifts  are  simply  given  in  terms  of  the  strain 
averaged  over  the  probed  volume  by: 

Av  =  in, ,(£)<£,,) 


(2) 
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Normalized  elastic-strain-energy  density  as  a  function  of 
wrinkling  wavelength,  L/H,  under  axisymmetric  (top)  and 
erahzed  plane-strain  conditions  (bottom) 


in  other  words,  the  shift  is  directly  proportional  to  the  trace  of  the  average 
strain  tensor,  e„  =  elr  namely  the  hydrostatic  component  of  the  strain.  The 
value  of  the  trace  of  the  piezospectroscopic  tensor,  n„<e),  has  been  deter- 
mined  to  be  5906  cm  unit  strain.8 

If  the  strain  varies  over  the  volume  of  oxide  probed,  then  the  lumi¬ 
nescence  signal  /(v)  is  the  convolution  of  the  luminescence  given  by  Eq.  (2) 
and  the  variation  in  strain  within  the  volume  from  which  the  luminscence 
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is  collected: 

/(v) oc  J  (p{  V  -  v0[e(f)] }  dr  (3) 

where  <p(v)  is  the  luminescence  peak  from  a  strain-free  alumina  and  Vot^f)] 
is  the  constitutive  relation  between  the  frequency  and  the  spatial  variation 
in  the  strain  field'  e(r). 

Using  these  equations  it  is  possible  to  calculate  the  luminescence  peak 
shape  and  frequency  shift  from  the  strain  distribution  calculated  using  the 
finite-element  method  above.  The  methodology  adopted  is  as  follows:  At 
each  element  the  average  hydrostatic  strain,  ( e(r >,  is  calculated  as  well  as  the 
volume.  From  these  values,  the  total  luminescence  intensity  as  a  function  of 
frequency  is  then  obtained  by  adding  the  contributions  from  the  individual 
elements: 


/(v)  = 


X,  Vj<pi{v.  Vo[<e„)J} 

"  Z,v, 


(4) 


In  calculating  the  effect  of  wrinkling  on  the  piezospectroscopic  shifts, 
we  have  used  the  experimentally  measured  luminescence  from  a  stressed- 
alumina  scale  on  FeCrAl(Y)  (which  forms  a  flat  scale)  to  represent  the  fre¬ 
quency  shift  from  a  flat  coating  and  the  measured  luminescence  from  a 
stress-free  sapphire  to  represent  the  strain-free  spectrum.  In  both  cases,  the 
R2  luminescence  peak  can  be  fit  with  a  pseudo-Voigt  function.  The  width 
of  the  peak  from  the  unstrained  sapphire  is  11.16  cm"1,  whereas  that  from 
the  stressed,  flat  scale  was  21.0  cm"1. 

The  calculated  frequency  shift  as  a  function  of  wrinkling  amplitude  and 
wavelength  is  shown  in  Fig.  6  and  indicates  a  strong  sensitivity  of  the  fre¬ 
quency  shift  to  the  geometry  of  the  wrinkling.  In  fact,  the  shapes  of  the 
curves  bear  a  strong  similarity  to  the  strain-energy  curves  of  Fig.  5.  This  is 
borne  out  by  Fig.  7  in  which  the  piezospectroscopic  shift  is  plotted  against 
the  normalized  elastic-strain  energy.  All  the  computed  curves  collapse  onto 
a  single  curve  that  can  be  expressed  analytically  as  a  quadratic  function  of 
the  form: 


UE  -  a  +  b Av  +  c(Av)2  (5) 

where  a,  b ,  and  c  are  coefficients.  For  the  axisymmetric  case  a  =  1.5,  b  = 
-0.25,  and  c  =  0.015.  For  the  generalized  plane-strain  case,  a  =  0.72,  b  = 
-0.10,  and  c  =  0.009. 

Wrinkling  also  affects  both  the  broadening  of  the  luminescence  peak 
and  the  Lorentzian  fraction.  The  effects  are  not  large  and  so  in  the  interests 
of  space  are  not  presented  here. 
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L/H 

Fig.  6.  Computed  shift  in  luminescence  frequency  under  axisym- 
metric  (top)  and  generalized  plane-strain  (bottom)  conditions  The 
frequency  shift  is  relative  to  that  from  a  strain-free  scale. 


STRAIN  MEASUREMENT  BY  X-RAY  DIFFRACTION 

The  calculation  of  the  XRD  spectra  from  a  wrinkled  coating  is  similar 
in  many  respects  to  that  for  the  calculation  of  the  luminescence  spectra.  The 
mam  difference  being  that  since  XRD  is  sensitive  to  the  lattice  spacing, 
rather  than  the  trace  of  the  strain  tensor,  the  shift  is  proportional  to  the 
principal  strain  perpendicular  to  the  scattering  vector.  Assuming  that  the 
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Frequency  Shift  (cm*1) 


Frequency  Shift  (cm*1) 


Fig.  7.  Relationship  between  the  normalized  elastic-strain  energy  in 
the  scale  and  the  frequency  shift  of  the  luminescence  line.  As  in  the 
previous  figure,  the  frequency  shift  is  relative  to  a  strain-free  scale. 
The  solid  line  is  a  quadratic  fit  to  the  computed  data. 


strain  will  be  measured  by  the  shift  in  diffraction  peaks  recorded  from  the 
sample  in  the  0-20  Bragg  reflection  geometry,  the  pertinent  strain  is  the 
normal  strain  perpendicular  to  the  average  surface  plane,  as  shown  sche¬ 
matically  in  Fig.  8.  In  this  diffraction  geometry,  the  position  of  the  XRD 
peak  center  90  is  related  to  strain  normal  to  the  average  wrinkled  scale  plane 
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Coating 


Fig.  8.  Schematic  diagram  of  the  X-ray  diffraction  geometry  and  the  wrinkling 
geometry.  In  a  0-20  diffraction  geometry,  it  is  the  strain  in  the  scale  normal  to 
the  diffracting  plane  that  causes  a  shift  in  the  diffraction  peak. 


by  the  Bragg  condition. 


2d(\  +  e)  sin  60  =  X  (6) 

where  d  is  the  unstrained  lattice  spacing  and  e  is  the  normal  strain. 

In  calculating  the  diffraction  intensity  as  a  function  of  diffraction  angle, 
we  assume  that  the  coating  is  polycrystalline  and,  as  with  the  luminescence 
calculations,  the  diffracted  intensity  comes  from  a  large  number  of  individ¬ 
ual  grains  within  the  coating.  We  also  assume  that  the  grain  size  is  small  or 
comparable  with  the  thickness  of  the  coating  so  that  the  full  strain  distri¬ 
bution  within  the  wrinkled  film  is  sampled.  The  latter  is  not  a  severe  restric¬ 
tion  provided  the  grain  size  is  not  smaller  than  the  coherence  length  for 
XRD.  If  it  is,  then  there  will  be  additional  broadening  of  the  X-ray  peaks 
due  to  local  curvatures  and  a  much  more  sophisticated  analysis  is  required 
than  is  presented  here.  Last,  it  is  also  assumed  that  the  coating  exhibits  no 
preferential  crystallographic  texture  so  that  the  orientation  of  any  particular 
lattice  plane  is  randomly  distributed  throughout  the  film  and,  hence, 
samples  the  maximum  principal  strain  distribution. 

The  diffraction  line  profile  is  formally  the  convolution  of  the  diffracted 
amplitude  from  the  individual  grains  within  the  coating.  Assuming  that  the 
measured  intensity  as  a  function  of  scattering  angle,  0,  is  the  integration  of 
the  diffracted  intensity  from  each  element  weighted  by  its  volume,  the 
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29  (degree) 

Fig.  9.  Typical  (104)  X-ray  peak  from  a  flat,  highly-stressed  alumina 
scale  formed  on  a  FeCrAl(Y)  alloy. 


convolution  can  be  replaced  by  the  summation: 


1(0)  = 


I,.  0o((e)A) 

X,r. 


(7) 


where  the  summation  is  performed  over  each  element,  /,  in  the  mesh  and  Vt 
is  the  volume  of  the  ith  element.  The  function  (p(9)  describes  the  intensity 
of  the  stress-free  peak  as  a  function  of  diffraction  angle. 

For  the  purposes  of  illustration  we  again  consider  the  coating  to  be  an 
oxide  scale  and  specifically  consider  the  shift  in  the  (104)  X-ray  peak  from 
a  flat  scale  on  a  FeCrAlY  alloy.  With  copper  Ka  X-rays,  the  peak  was 
centered  at  20  =  35.032°,  corresponding  to  a  normal  strain  in  the  flat  scale 
of  e  =  -4.1293  x  10~3  (Fig.  9).  The  computed  shifts  of  the  X-ray  peak  for  a 
variety  of  scale  thicknesses  as  a  function  of  wrinkling  wavelength  are  shown 
in  Fig.  10,  and  includes  both  the  generalized  plane  strain  and  axisymmetric 
cases.  As  with  the  luminescence  shifts,  there  is  a  relationship  between  the 
normalized  elastic-strain-energy  density  in  the  wrinkled  scale  and  the  shift 
in  the  XRD  peaks.  However,  as  shown  in  Fig.  11,  the  relationship  is  also 
dependent  on  the  amplitude: thickness  ratio  of  the  scale.  Nevertheless,  the 
shift  is  proportional  to  the  reduction  on  the  elastic-strain-energy  density. 


IMPLICATIONS  AND  DISCUSSION 

The  finite-element  computations  clearly  indicate  that  wrinkling 
decreases  the  elastic-strain  energy  in  a  conformal  coating  and  that  the 
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Fig.  10.  Shifts  in  X-ray  diffraction  peak  as  a  function  of  wrinkling 
geometry.  Axisymmetric  (filled  symbols)  and  generalized  plane  strain 
(open  symbols). 


decrease  in  strain  energy  is  dependent  on  both  the  wavelength  and  ampli¬ 
tude  of  the  wrinkle.  This  reaffirms  the  basis  for  the  linear-stability  analysis 
presented  by  Suo,5  as  well  as  the  suggestions  in  the  literature  that  wrinkling 
is  motivated  by  decreasing  the  overall  strain  energy  in  the  scale.  Calculations 
of  both  the  luminescence  frequency  and  the  X-ray  lattice  parameter  show 
that  both  are  affected  by  wrinkling.  Perhaps  most  surprising  is  that  there  is 
a  direct  correlation  between  the  piezospectroscopic  shift  and  the  normalized 
strain  energy  in  the  wrinkled  scale  that  pertains  irrespective  of  the  actual 
amplitude  and  wavelength  of  the  wrinkling.  This  indicates  that  the  piezo¬ 
spectroscopic  shift  is  a  direct  measurement  of  the  strain-energy  density  of 
the  scale  and  that  a  detailed  knowledge  of  the  wrinkling  geometry  is  not 
necessary  to  determine  the  strain-energy  density.  A  similar  relationship  per¬ 
tains  for  the  X-ray  measurements  but  is  not  independent  on  the 
amplitude :  thickness  ratio. 

There  are  a  number  of  results  from  the  finite-element  computations 
that  have  particular  relevance  to  understanding  the  response  of  materials  to 
oxidation.  First,  and  foremost,  is  that  the  decrease  in  elastic-strain-energy 
density  is  accompanied  by  both  increases  and  decreases  in  local  stress.  This 
is  particularly  pronounced  at  the  crests  and  valleys  of  the  wrinkling,  where 
large  stresses  perpendicular  to  the  oxide-metal  interface  exist.  Thus,  as  the 
amplitude  of  the  wrinkling  increases,  the  tensile  stress  across  the  metal- 
oxide  interface  at  the  crests  of  the  wrinkle  increases.  This  is  of  significance 
since  in  the  absence  of  wrinkling,  there  exist  no  stresses  across  the  metal- 
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Fig.  11.  Relationship  between  the  shift  in  X-ray  peak  position  and 
the  normalized  elastic-strain  energy  in  a  wrinkled  scale  for  different 
amplitudes: thickness  ratios  of  the  scale.  Axisymmetric  (top)  and 
generalized  plane  strain  (bottom). 


ceramic  interface  and,  hence,  no  forces  to  separate  the  interface.  It  is,  there¬ 
fore,  of  interest  to  relate  the  results  of  the  finite-element  calcultions  to  those 
calculated  analytically  using  an  idealized  geometry,  as  is  discussed  in  the 
Appendix.  When  the  scale  is  thin  with  respect  to  the  radius  of  local  curva¬ 
ture,  one  might  expect  that  the  oxide  can  be  considered  as  a  thin,  stressed 
membrane  by  direct  analogy  with  the  surface  tension  in  a  liquid  droplet  of 
radius  R.  The  values  of  the  normal  stress  across  the  interface  at  the  crests 
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and  valleys  would  then  be  similar  to 
a  simple  Laplace  equation: 

<Jm 

where  ob  is  the  biaxial  stress  in  the  scale  and  R  is  the  effective  radius  of 
curvature  at  the  crests  of  the  sinusoidal  wrinkle.  (For  a  wrinkle  in  three 
dimensions,  the  numerator  would  have  an  additional  factor  of  two )  To 
evaluate  this  comparison,  the  maximum  and  minimum  normal  stresses  com¬ 
puted  at  the  interface  are  plotted  in  Fig.  12  as  a  function  of  the  local  radius 
This  simple  analogy  works  reasonably  well  for  the  generalized  plane-strain 
condition  until  the  normalized  radius  of  curvature  is  small.  The  discrepancy 
at  the  small  radii  is  a  direct  result  of  the  neglect  of  the  substantial  distortions 
in  the  scale  away  from  the  crest  and  valleys  and  the  fact  that  the  scale  is  no 
longer  thin  relative  to  the  other  dimensions.  In  the  axisymmetric  case  the 
analogy  works  well  for  the  tensile  stress,  but  not  for  the  compressive  stress 
when  the  radius  is  large.  This  is  believed  to  be  due  to  the  fact  that  when  the 
radius  is  large,  the  local  strain  state  more  closely  represents  a  plane-strain 
condition.  Indeed,  when  the  plane-strain  solution  is  used,  it  fits  the  com¬ 
pressive  data  well,  as  indicated  by  the  dotted  line.  Another  feature  of  the 
stress  distributions  computed  is  that  as  the  wrinkling  increases,  the  maxi¬ 
mum  tensile  stress  always  lies  at  the  crest  of  the  sinusoid  at  the  metal-scale 
interface,  whereas  the  maximum  value  of  the  compressive  stress  moves  from 
the  metal— scale  interface  to  the  scale-air  interface. 

A  direct  consequence  of  the  spatial  variation  in  strain  produced  by 
wrinkling  is  that  the  strain  measured  using  a  particular  technique  depends 
on  its  spatial  resolution.  Thus,  at  one  extreme,  such  as  with  XRD  as  it  is 
usually  implemented  where  the  spatial  resolution  is  far  inferior  to  the  wrink¬ 
ling  wavelength,  the  strain  measured  is  the  normal  strain  averaged  over  all 
possible  wavelengths  of  the  wrinkling.  Interpretation  of  the  strain  then 
requires  a  knowledge  of  the  wrinkling  geometry.  Obviously,  if  no  obser¬ 
vations  are  made  as  to  whether  a  scale  is  wrinkled  or  not,  then  a  strain 
measurement  by  XRD  has  rather  dubious  value.  At  the  other  extreme,  a 
technique  with  a  spatial  resolution  considerably  better  than  the  wrinkling 
wavelength  is  required  to  probe  the  details  of  the  strain  distribution  and,  in 
particular,  to  measure  the  highly-localized  strains  in  the  vicinity  of  the  crests 
and  troughs  of  the  wrinkles.  This  can  be  achieved  with  luminescence  piezo¬ 
spectroscopy  under  appropriate  conditions.  More  generally,  the  strain  dis¬ 
tribution  must  be  obtained  by  deconvolving  the  measured  signal  using  the 
probe  function  for  the  measurement  technique  employed. 

Another  general  result  with  far-reaching  consequences  is  that  wrinkling 
causes  gradients  in  strain  well  into  the  underlying  metal,  typically  to 


those  calculated  by  force  balance  using 
_<rhh 
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Fig.  12.  Normalized  maximum/minimum  normal  stress  at  the 
coating-substrate  interface  as  a  function  of  the  local  curvature  of 
the  interface.  Axisymmetric  (top)  and  generalized  plane  strain 
(bottom). 

distances  of  the  order  of  the  wavelength  of  the  wrinkle.  The  actual  distances 
depend  in  detail  on  the  constitutive  behavior  of  the  metal  and  the  wrinkling 
geometry  and,  therefore,  must  be  computed.  The  consequences  are  twofold. 
First,  the  existence  of  wrinkling  in  the  scale  necessarily  means  that  simple 
force  balances  in  which  the  average  stress  in  the  scale  is  balanced  by  a 
uniformly  varying  stress  in  the  metal  no  longer  apply.  While  this  assumption 
is  a  very  useful  one  in  analyzing  the  stresses  in  samples  with  flat  scales,  it 
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Second,  if  ^  metal  re^ins  elastic, 

be  expected  that  the  metal  will  defend  nt'?  rf  yield  StreSS’  then  k  can 
temperature  is  sufficiently  high  deform  ^  ^  °£  alternativeIy.  if  the 

energy  in  the  scale  will  £  relaxed tTwS  ^  the  Strain 

thermal  cycling  and  hence  merhan;  i  e  concom,tant  irreversibility  on 

the  local  stress  exceeds  the’ yield  stress  has'bee  of  plasticity  when 

Evans  et  al.9  based  on  finite-element  bee"  discussed  in  some  detail  by 
geometry,  namely,  one  in  which  two  sohTb|Utttl0nS  °f  *  slightly  different 
interface.  Similar  conclusions  have  al .n  JOmed  by  a  sinuso‘dal 

eIemLast  *Tlthat*°  hS  if tbC  stress^dl^buti°nsTroMd^<»mei^  “  ^ 
strains  createdTa  h're  "* couched  in  ,erms  °f 

applicable  to  growth  s^irn  or  TdlT™0"  “Sma,ch-  ,h'>’  *»  equally 
associated  with  wrinkling.  Wrinkling  ka^  Comhl.na,lon  °f  other  strains 
but  there  are,  of  course  other  meet,8  •  m®ans  of  relaxing-strain  energy 
relaxed.  Its  o^urStri!? '1%%"*°’  ^  S"ain  «■  £ 
parameters  including  how  rough  the  l°  depend  on  a  variety  of 

impurities.  In  addition,  certain  dement,  f  SUrfaCe  ls  and  the  Presence  of 

for  instance,  yttrium  in  the  base  alloy  whereas  otht^T*  h  from  ,occurring- 
cause  it  to  occur  on  alio  vs  in  whirh  it  w  S  ot^ers’  suc^  as  calcium,  can 
eters  clearly  alTec, the  nito,™ '  a  of  n.°'  “T"*  °CCUr"  Ttee  P*™>- 

reduction  in  elastic-strain  energy  caused^l^  t!"1*1  u  S  rather  than  the 
this  work.  ^  wrinkling  that  is  discussed  in 


the  course  of  this  work  mid  allowing0  T*  JU"  H'  for  discussions  during 
grateful  to  Dr.  V.  sTkant  forZ-  *  ?  ““  ,hsir  >«■"»•  We  are  al» 

used  in  these  computations  The  work"08  *  '  *"fay  ana,ysis  that  have  been 
Research  under  ^ ,h'  °f  Nayal 

““avi ™  STRESS  AT 

cylindrical/spherical  symmetric  Substrate 

crests  and  the  trouts™ tflte^raramt  d'h**”  v  ***.  vicinit>'  °f  the 
either  a  sphere  or  a  cylinder  of  radius  R  (Fig  AnUWyh''n8i,a,taClKd 
atton,  the  coating  is  a  cylindrical  ringor  spherical,  hel'ianTL^n'Sat 
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Air 


stresses  can  be  determined  analytically  from  the  general  stress  solutions  and 
the  generalized  Hooke’s  law  by  imposing  the  appropriate  boundary  con¬ 
ditions.  The  vicinity  of  the  crest  of  the  wrinkled  coating  corresponds  to  the 
substrate  being  on  the  inside  and  covered  by  the  coating,  whereas  the  vicin¬ 
ity  of  the  trough  corresponds  to  the  substrate  covering  the  coating.  The 
general  procedures  to  obtain  the  stress  solutions  are  outlined  below. 

For  an  isotropic  homogeneous  elastic  material,  the  generalized  Hooke’s 
law  can  be  written  as: 

ei  =  ^[Oi-v(<jj+<jk)]  +  aAT  (Al) 

E 

where  index  /,  /,  and  k  denotes  the  three  perpendicular  directions,  e  is  the 
strain,  a  is  the  stress,  a  is  the  thermal-expansion  coefficient,  and  AT  is  the 
temperature  change. 


Spherically  Symmetric  Case 

The  general  stress  solution  may  be  written,  using  a  spherical  coordinate 
system  of  (r,  0,  <p),  as12 


<7r  =  +  c2  (A2a) 

r 

C\ 

Go  =  o?  =  5  +  C2 ,  (A2b) 

2r 

where  cx  and  c2  are  constants  to  be  determined  from  the  application  of  the 
boundary  conditions.  Notice  that  the  stress  takes  the  same  form  in  both  the 
coating  and  the  substrate  but  with  differing  coefficients,  so  that  four  con¬ 
stants  need  be  determined.  For  clarification,  the  physical  properties  in  the 
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coating  and  the  substrate  are  distinguished  by  superscript0  and  \  H  is  the 
coating  thickness  and  R  is  the  radius  of  the  coating-substrate  interface.  If 
the  substrate  is  surrounded  by  the  coating,  the  boundary  conditions  are: 


stresses  are  finite  when  r  -  0 

(A3a) 

o?  =  0, 

when  r  =  R+  H 

(A3b) 

-O  _  A 

Or  ~  Or  * 

when  r-R 

(A3c) 

C°  — 

<~(p  * 

when  r-R 

(A3d) 

On  determination  of  the  constants,  the  normal  stress  at  the  interface  can  be 
written  as. 


£°(aA  +  a°)A  7 


<7r(r  =/?)  =  — 


R  +  Hy 

*  ) 


-1 


1  -2v°  + 


o  l  +  v°(R  +  Hy 


R 


rO  r 


+  (1  ~2v*)  — 


R  +  Hv 
R 


-  I 


(A4) 


Because  the  thermal-expansion  coefficient  in  the  substrate,  assumed  to  be  a 
metal,  is  larger  than  that  in  the  coating,  •  assumed  to  be  the  oxide,  the 
interface  normal  stress  is  tensile  when  the  structure  is  cooled  from  a  high  to 
a  low  temperature. 

In  the  other  topology,  corresponding  to  the  substrate  being  on  the  out¬ 
side,  the  corresponding  boundary  conditions  are: 


stresses  vanish  when  r-»  oo  (A5a) 

O ?  =  0,  when  r  =  R-H  (A5b) 

a?  =  crA,  when  r  -  R  (A5c) 

£°  =  e$,  when  r  =  R  (A5d) 


Combining  with  Eqs.  (A1-A2),  the  normal  stress  at  the  interface  can  be 
written  as, 


E°(a*-a°)AT 

1- 

(R-H 
\  * 

)1 

,  *  o  l  +  v°(R-Hy  E°  I 

2  (  *  )  V( 

l  +  vA\ 

2  j 

\ - 1 

r*-. 

1 

<< 

1 

1  1 

(A6) 


As  expected,  in  this  case,  the  normal  stress  is  compressive  when  the  tempera¬ 
ture  change  AT  is  negative. 
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Cylindrically  Symmetric  Case 

The  general  solution  for  the  in-plane  stress,  ar  and  <7<p,  for  symmetric 
closed  ring  in  cylindrical  coordinates  (r,  <p,  z),  can  be  written  as. 


<J'  =  ^+C 4  (A7a) 

c3 

ov  =  --  +  C4  (A7b) 

where  c3  and  c4  are  constants.  As  in  the  spherical  case,  the  stress  solution 
in  the  substrate  takes  the  same  form  as  it  does  in  the  coating  and  so  there 
are  four  constants  to  be  determined  in  order  to  evaluate  the  in-plane 
stresses.  With  the  requirement  that  the  plane  remains  plane  during  the  cool¬ 
ing,  the  strain  in  the  z-direction  is  constrained  to  be  a  constant  in  both  the 
coating  and  the  substrate.  In  particular,  when  the  substrate  is  much  larger 
than  the  coating,  the  strain  in  the  z-direction  is  equal  to  the  thermal  strain 
of  the  substrate,  i.e., 

e?  =  g  =  aAAT=-~[oA  -  v(<rA  +  aA)]  +  aAAT 

'  =^[<7?-v(CT?  +  ff°)J  +  a0Ar  (A8) 

This  condition,  combined  with  the  boundary  conditions  listed  in  Eq.  (A3), 
gives  the  tensile  normal  stress  at  the  interface. 


E°(aA  -  a°)A T 

1  -2v°  + 

(R  +  H\2  e°  /  l-v*\ 
R  )  +£A  ( 1  +  v°j 

iffi-'] 

(A9) 


Similarly,  the  compressive  normal  stress  is  solved  by  combining  Ea.  (A8) 
with  Eq.  (A4): 


E°(aA  -  a°)AT 

i  - 

irj 

O) 

[-1 

t  *  )} 

(A10) 
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Notice  that  in  both  the  cylindrical  and  spherical  symmetric  cases  the 
compress,  ves,re„  solutions  obtained  from  the  above  analysis  are  limited  to 
*/H  !•  T5US;  the  tensile  stress  solution  of  generalized  plane-strain  case  is 
reversed  and  plotted  in  dotted  line  in  Fig.  12  to  compare  with  the  compress 
ive  stress  in  the  trough,  when  R/H<  1.  compress- 

egoaMnrtA^ndWm/^"’28"1'^”  °f  imerfa“ slress  evaluated  from 

«d  i„Thea  d“2Kd  ^  E<1' <7)' ThiS " in  aCC°rd““  ^ that 
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Abstract— Quantitative  measurements  of  the  wrinkling  morphology  of  the  alpha-alumina  scales  formed 
by  thermal  oxidation  at  1000 'C  and  its  evolution  with  oxidation  time  have  been  made  using  atomic  force 
microscopy  The  wrinkling  wavelength  and  amplitude,  and  from  these  the  surface  area  of" the  scale,  for 
(I10),  (100)  and  (111)  oriented  single  crystals  of  Fe-Cr-Al  alloy  as  a  function  of  oxidation  time  are 
presented  The  residual  stress  in  the  scales  is  determined  using  piezospectroscopy.  Together  these  results 
p  ovide  the  basis  for  determining  the  lateral  strains  associated  with  the  growth  of  the  oxide.  Crystallo¬ 
graphic  orientation  of  the  alloy  surface  has  a  pronounced  effect  on  botlTthe  wrinkling  morphology  and 

nrestr  ^  dT8  the  20730  h  of ' oxidation'  The  P"*nce  of  the  reactive  element  vttrium  sup 
presses  wrinkling  and  restricts  lateral  growth  but  it  does  not  decrease  the  stress  in  the  oxide,  t  1998  .Am 
Metallurgica  Inc.  Published  by  Elsevier  Science  Ltd.  All  rights  reserved. 


1.  INTRODUCTION 

During  oxidation  of  many  Fe-Cr-Al  and  Ni-Cr- 
A1  high-temperature  alloys,  the  aluminum  oxide 
formed  on  the  surface  adopts  a  wrinkled  or  convo¬ 
luted  morphology  [1].  This  morphology,  shown  in 
Fig.  1(a),  develops  and  changes  with  time  during 
oxidation  at  high  temperature  and  is  not  a  result  of 
cooling  to  room  temperature.  Observations  of 
cross-sections  reveal  that  the  thickness  of  the  oxide 
is  more  or  less  uniform  demonstrating  that  wrink¬ 
ling  is  not  caused  by  oxide  intrusions  or  variations 
of  the  oxide  growth  rate  from  place  to  place. 

Although  the  mechanism  of  wrinkling  is  not  com¬ 
pletely  understood,  it  is  believed  that  wrinkles  form 
when  the  oxide  expands  in  the  lateral  direction  par¬ 
allel  to  the  metal  surface  during  oxidation  [2].  This 
lateral  growth,  in  contrast  to  ‘‘normal”  growth  at 
the  outer  or  inner  surface,  may  be  a  result  of  oxide 
formation  within  the  existing  layer  [2,3],  or  may 
simply  occur  due  to  volumetric  changes  when  the 
metal  transforms  into  the  oxide.  In  either  case, 
because  of  the  constraint  from  the  underlying 
metal,  a  compressive  growth  stress  develops  in  the 
oxide  parallel  to  the  interface  and  energy  is  stored 
as  elastic  strain  energy.  Wrinkling  is  a  deformation 
mode  by  which  elastic  strain  energy  can  be 
reduced  [4].  Therefore  it  may  serve  as  a  relaxation 
process,  concurrent  with  stress  generation  during 
oxidation,  leading  to  a  net  decrease  in  the  average 
stress  in  the  oxide.  Typically,  the  strains  associated 


+To  whom  all  correspondence  should  be  addressed. 


with  wrinkling  are  so  large  that  the  change  in  oxide 
morphology  necessitates  that  it  deforms  by  plastic 
flow. 

Although  the  phenomenon  of  wrinkling  has 
been  widely  recognized  for  many  years,  its  geo¬ 
metrical  evolution  and  the  accompanying  stress  in 
the  oxide  have  not  been  systematically  studied. 
The  only  recently  published  experimental  study  by 
Hou  et  al.  [5]  deals  with  some  aspects  of  the  geo¬ 
metrical  parameters  of  the  alumina  scale  on  Fe- 
Cr-Al  alloys.  As  for  the  residual  and  growth 
stresses  in  the  wrinkling  scales,  to  the  authors' 
knowledge,  no  reliable  results  have  been  presented 
so  far.  The  motivation  for  the  present  work  is 
both  to  provide  a  detailed  description  of  the  mor¬ 
phological  instability  of  oxide  wrinkling  on  a 
common  Fe-Cr-Al  alloy  and  to  relate  the  wrink¬ 
ling  evolution  to  the  growth  stress  in  the  oxide. 
Both  subjects  are  of  general  importance  to  a 
much  wider  range  of  alloys  since  wrinkled  oxides 
invariably  exhibit  poor  adherence  during  cyclic 
oxidation.  While  particular  attention  during  the 
past  decade  has  been  given  to  the  effects  of  inter¬ 
facial  chemistry  on  the  oxide  spalling  resistance  [6- 
8],  the  importance  of  oxide  configuration  has  not 
been  so  thoroughly  investigated.  An  essential 
point  in  this  geometrical  concept  is  that  wrink¬ 
ling,  in  effect,  transforms  the  biaxial  stress  in  a 
planar  oxide  to  create  a  component  of  stress  nor¬ 
mal  to  the  interface  thereby  providing  a  force  to 
separate  the  oxide  from  the  metal  [9-11].  In  con¬ 
trast,  if  the  oxide  and  oxide-metal  interface  are 
flat,  no  stresses  act  in  the  normal  direction. 
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Fig.  1.  Typical  morphology  of  the  wrinkled  x-A1203  scale  on  the  Fe-Cr-Al  alloy  (a)  and  flat  a-Al203 
scale  on  the  Fe-Cr-Al- Y  alloy  (b)  after  oxidation  at  1000CC  for  100  h.  Both  alloys  are  single  crystals 
with  the  surface  polished  parallel  to  the  (1 11)  b.c.c.  plane. 


It  is  well  established  that  small  additions  of  reac¬ 
tive  elements  such  as  Y,  Ce,  Zr  to  Fe-Cr-Al  and 
Ni-Cr-Al  alloys  alter  the  morphology  of  the  oxide 
leading  to  the  formation  of  a  flat  and  adherent 
alumina  scale  [1]  [Fig.  1(b)].  Originally,  it  was  sup¬ 
posed  that  the  absence  of  wrinkles  on  the  yttrium- 
containing  alloys  was  due  to  the  growth  stresses  in 
the  oxide  being  smaller  [2].  However,  recent 
measurements  have  shown  that  the  compressive 
growth  stress  in  the  oxide  on  the  Fe-Cr-Al-Y  alloy 
may  be  as  high  as  1  GPa  at  the  oxidation 
temperature  [12].  Yet,  the  scale  remains  flat  during 
oxidation  and,  moreover,  can  withstand  an  ad¬ 
ditional  compression  of  the  order  of  3-5  GPa  on 
cooling  caused  by  thermal  expansion  mismatch 
between  the  oxide  and  the  metal.  Another  expla¬ 


nation  of  the  reactive  element  effect  is  that  yttrium 
prevents  sulfur  segregation  at  the  oxide-metal 
interface  [6-8]  and  thereby  increases  the  interfacial 
fracture  resistance.  There  is  indeed  ample  evidence 
from  the  literature  that,  if  sulfur  segregation  is 
eliminated,  then  the  oxides  are  much  more  adher¬ 
ent.  At  the  same  time,  it  seems  remarkable  that 
oxide  wrinkling  on  the  alloys  with  reactive  elements 
is  also  suppressed,  and  consequently  there  are  no 
forces  acting  to  separate  the  oxide.  Which  of  these 
two  factors  is  of  major  importance  and  whether 
both  are  interrelated  remains  to  be  established. 

The  single-crystal  Fe-Cr-Al  alloy  was  chosen  in 
order  to  study  the  dependence  of  wrinkling  evol¬ 
ution  on  metal  crystallographic  orientation.  Whilst 
the  role  of  yttrium  is  not  specifically  addressed  in 
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this  work,  the  flat  scale  on  the  Fe-Cr-Al- Y  alloy, 
and  in  particular  the  residual  and  growth  stresses, 
provide  an  essential  comparison  to  the  wrinkling 
scale  observed  on  the  yttrium-free  alloy.  In  the 
accompanying  paper  [13],  which  considers  obser¬ 
vations  of  oxide  separation  from  the  underlying 
alloy,  its  association  with  the  evolution  in  wrinkling 
morphology  and  the  separation  sequences  leading 
up  to  spalling  failure  are  described. 

2.  EXPERIMENTAL 

Two  single-crystal  alloys  were  studied:  Fe- 
!9.5%Cr-4.5%Al  and  Fe-2l.7%Cr-5.42%Al- 
0.003%Y  (wt%).  Specimens  about  8x8x0. 5mm3 
in  size  were  cut  parallel  to  either  (110),  (100)  or 
(111)  crystallographic  planes  of  a  b.c.c.  lattice, 
mechanically  polished  to  a  0.1  /*m  finish,  and 
cleaned  in  acetone.  Oxidation  experiments  were  car¬ 
ried  out  in  static  air  at  1000°C  for  times  ranging 
from  0.1  to  100  h.  The  heating  and  cooling  rate  was 
about  500=C/min.  Preliminary  experiments  have 
shown  that  both  materials  are  pure  alumina  for¬ 
mers,  i.e.  the  only  oxide  phase  growing  during  oxi¬ 
dation  at  1000JC  is  a-Al203.  Previous  studies  have 
also  confirmed  that  30  ppm  Y  in  the  alloy  is  enough 
to  completely  prevent  alumina  wrinkling  and  pro¬ 
vide  a  flat  scale  [14].  Oxide  morphology  was  exam¬ 
ined  using  SEM.  The  thickness  of  the  scale  was 
estimated  from  thermogravimetric  results  of  the 
mass  change  during  oxidation  assuming  that  the 
scale  was  fully  dense  a-Al203. 

The  wrinkling  morphology  on  the  Fe-Cr-Al 
alloy  was  quantified  using  atomic  force  microscopy 
(AFM).  Several  images  of  the  oxide  surface, 
40  x  40  f.im2  in  size,  were  scanned  on  each  specimen. 
Since  the  oxide  wrinkles  exhibit  some  periodicity, 
analysis  of  the  AFM  scans  provides  quantitative 
characteristics,  such  as  average  wavelength  and 
amplitude  of  the  oxide  undulations.  The  character¬ 
istic  wavelength  was  determined  from  the  power 
spectral  density  plot  for  the  whole  area  of  each 
AFM  image.  The  amplitude  was  characterized  by 
the  root-mean-square  roughness  parameter  /?q  cal¬ 
culated  as  the  standard  deviation  of  the  height  of 
each  point  on  the  surface  relative  to  the  average 
value.  In  these  measurements  the  AFM  images  were 
digitally  processed  in  such  a  way  that  the  roughness 
caused  by  the  shape  of  individual  oxide  grains  was 
filtered  out. 

It  should  be  noted  that  geometrical  parameters, 
measured  in  this  work,  refer  only  to  the  outer  oxide 
surface.  As  shown  below,  the  oxide-metal  interface 
on  the  Fe-Cr-Al  alloy  does  not  perfectly  match  the 
outer  surface.  This  means  that  the  “actual”  con¬ 
figuration  should  include  parameters  of  both  the 
outer  and  inner  surfaces,  i.e.  correspond  to  some 
average  mid-section  of  the  oxide.  However,  the 
strong  adhesion  of  the  oxide  on  many  specimens, 
especially  after  short  oxidation  times,  precluded  ex¬ 


posure  of  sufficiently  large  areas  of  the  metal  sur¬ 
face  for  comparison.  Therefore  a  detailed  AFM 
study  of  the  interfacial  configuration  and  its  evol¬ 
ution  has  not  been  performed,  and  so  only  the  par¬ 
ameters  of  the  outer  surface  are  used  for  the 
analysis.  Nevertheless,  when  spalling  of  the  scale 
exposed  the  alloy  surface,  these  areas  were  analyzed 
and  the  results  presented  below. 

The  residual  stress  in  the  a-Al203  was  measured 
at  room  temperature  using  the  photo-stimulated 
luminescence  piezospectroscopy  technique  [15,16]. 
The  stress  is  obtained  from  the  frequency  shift,  Av. 
of  the  characteristic  R-lines  of  the 

Cr3^  luminescence  relative  to  the  stress-free  alumina 
according  to  Refs  [16,  17] 

4  1 

Av  =  -n  n<jjj  (i) 

where  a#  are  the  hydrostatic  components  of  the 
stress  tensor  and  n„  are  the  components  of  the 
piezospectroscopic  tensor  (IT/,—  7.60  cm_1/GPa  for 
polycrystalline  alpha-alumina  [17]).  The  stress-free 
frequency  was  measured  on  spalled  or  specially  sep¬ 
arated  pieces  of  oxide  after  different  exposures.  For 
a  flat  scale,  the  stress  is  assumed  to  be  biaxial,  such 
that  axx  =  Gyy  ~  a  and  =  0  (.v  and  y  are  in-plane 
axes,  and  z  is  normal  to  the  surface).  Therefore,  the 
stress  can  be  directly  determined  from  the  frequency 
shift: 

Av  =  ?  nw<7  (2) 

or  197Av,  where  a  is  expressed  in  GPa  and 

Av  is  measured  in  cm’1.  When  the  scale  wrinkles, 
however,  equation  (2)  is  generally  not  valid  because 
the  component  cr::  normal  to  the  specimen  surface 
is  no  longer  zero.  Moreover,  in  each  given  place,  its 
value  depends  on  the  local  configuration  of  the 
oxide  and  oxide-metal  interface.  In  turn,  the  in¬ 
plane  components  axx  and  avy  should  vary  from 
place  to  place  over  the  surface  depending  on  the 
geometry  of  the  oxide.  As  a  result,  the  stress  in  a 
wrinkled  scale  is  not  readily  obtained  from  the 
piezospectroscopic  measurements  and,  generally, 
only  the  frequency  shifts  can  be  directly  compared. 
In  those  cases  below  where  the  wrinkling  configur¬ 
ation  is  quantified,  the  results  of  finite  element 
analysis  [11]  will  be  used  to  transform  the  frequency 
shift  into  stress. 

On  the  Fe-Cr-Al-Y  alloy,  the  stress  distribution 
over  the  specimen  surface  was  very  uniform, 
whereas  on  the  Fe-Cr-Al  alloy,  the  frequency  shift 
measured  with  a  small  probe  size  -  demonstrated  a 
large  variability  because  of  the  oxide  wrinkling.  For 
this  reason  measurements  were  performed  using  an 
optimal  probe  size  of  about  4-5  /mi,  which  was 
found  to  be  large  enough  to  minimize  variations  of 
the  frequency  shift  from  place  to  place.  Typically, 
15-25  individual  measurements  were  made  from 
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different  places  on  each  specimen  in  order  to  deter¬ 
mine  an  average  shift. 

A  comparison  of  the  luminescence  frequency 
from  the  spalled  oxide  with  that  of  a  pure  (and 
stress-free)  sapphire  provides  a  means  to  evaluate 
the  chromium  concentration  in  the  scale.  Increasing 
the  chromium  concentration  in  alpha-alumina  gives 
a  systematic  frequency  shift  of  the  luminescence  R- 
lines.  The  concentration-related  shift  (that  is  oppo¬ 
site  to  the  compressive  stress  shift)  is  known  to 
be  [15] 

Au*  =  0.99  •  c*Cr  (3) 


where  chromium  concentration.  cCr  is  expressed  in 
w  t  % . 

3.  RESULTS 

A  typical  example  of  the  wrinkling  morphology 
of  the  scale  is  presented  in  Fig.  2.  These  SEM 
micrographs  show  the  oxide  surface  and  alloy  sur¬ 
face  exposed  by  spalling  of  the  scale  after  cooling 
to  room  temperature.  A  closer  examination  shows 
[Fig.  2(b)]  that  the  alloy  surface  is  completely  cov¬ 
ered  with  imprints  of  alumina  grains  indicating  that 
it  remains  in  contact  with  the  oxide  during  the  scale 


Fig.  2.  SEM  micrographs  of  the  scale  and  metal  surface  on  the  (110)  Fe-Cr-Al  alloy  after  oxidation  at 
1000°C  for  70  h:  (a)  general  view  showing  that  the  metal  surface,  exposed  after  oxide  spalling,  exhibits 
wrinkling  similar  to  the  outer  oxide  surface  (O — oxide,  M — metal);  (b)  enlarged  view  of  the  scale  cross- 
section  and  imprints  of  alumina  grains  on  the  metal  surface. 
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Fig.  3.  Structure  of  the  scale  and  scale-metal  interface  on  the  (110)  Fe-Cr-Al-Y  alloy  after  oxidation 

at  1000:C  for  100  h. 


growth  and  deforms  together  with  the  wrinkling 
scale.  As  a  result,  the  configuration  of  the  oxide- 
metal  interface  is  generally  similar  to  that  of  the 
outer  scale  surface.  Various  studies  have  shown  that 
.oxide  wrinkles  are  associated,  although  not  exclu¬ 
sively,  with  interfacial  cavities  or  voids  which  are 
believed  to  be  a  result  of-  scale  decohesion  and 
buckling  during  oxidation  [l].  In  contrast,  our  ob¬ 
servations,  as  well  as  other  results  [5],  suggest  that, 
on  a  flat  alloy  surface  in  the  absence  of  polishing 
scratches  or  contaminants,  voids  are  very  rare  and 
the  scale  grows  in  contact  with  the  alloy.  For  com¬ 
parison,  Fig.  3  demonstrates  the  morphology  of  the 
oxide  and  oxide-metal  interface  on  the  yttrium-con¬ 
taining  alloy.  Both  the  outer  surface  and  oxide- 
metal  interface  remain  nearly  flat  through  the  whole 
period  studied.  The  following  sections  present 
results  of  a  detailed  examination  of  the  wrinkled 
and  flat  scales  formed  on  these  two  alloys. 

3.1.  Fe-Cr-Al  alloy 

All  measurements  on  the  Fe-Cr-Al  alloy  were 
performed  after  isothermal  oxidation.  Results  of 
AFM  analysis,  as  well  as  SEM  observations,  reveal 
that  the  scales  formed  during  the  initial  oxidation 
stages  exhibit  substantially  different  configurations 
depending  on  the  crystallographic  orientation  of  the 
alloy  surface.  Two  AFM  images  of  the  oxide  sur¬ 
face  and  two  SEM  micrographs  of  the  same  speci¬ 
mens  (Fig.  4)  demonstrate  a  distinct  difference  in 
the  extent  of  wrinkling  between  (110)  and  (111) 
orientations  of  the  initial  alloy  surface  after  oxi¬ 
dation  for  3  h.  Oxide  undulations  are  more  pro¬ 
nounced  on  the  (111)  Fe-Cr-Al  and  show  typical 
patterns  of  ridges  extended  in  all  directions 
[Fig.  4(b)],  while  on  the  (110)  Fe-Cr-Al,  they  have 


rather  axisymmetric  shape  [Fig.  4(a)].  After  pro¬ 
longed  oxidation,  wrinkles  increase  their  size,  but 
the  difference  between  metal  orientations  gradually 
disappears. 

Figure  5  shows  the  time  evolution  of  the  wrink¬ 
ling  parameters.  The  wavelength,  2 L,  represents  the 
average  distance  between  peaks  or  valleys  of  the 
oxide  surface.  For  all  metal  orientations,  the  wave¬ 
length  of  oxide  wrinkles  increases  with  time  in  a 
similar  manner  [Fig.  5(a)].  Fitting  the  data  by  a 
power  law  gives  comparable  curves  with  time  expo¬ 
nents  between  1/3  and  1/4.  The  standard  deviation 
of  the  data  becomes  quite  large  after  prolonged  oxi¬ 
dation  because  only  a  few  wavelengths  are  located 
within  the  measured  40  x  40  nm2  areas  (a  limitation 
imposed  by  the  AFM  being  used).  Interestingly, 
extrapolating  the  data  to  time  t  -  0  gives 
2 L0  =  1.0-1. 5  fi m.  This  suggests  that  wrinkling  starts 
with  some  initial  wavelength  which  appears  to  be 
independent  of  the  substrate  orientation.  Its  value  is 
also  much  larger  than  the  oxide  grain  size  at  the 
beginning  of  oxidation  (estimated  to  be  less  than 
50  nm).  Solid  points  in  Fig.  5(a)  show  the  wave¬ 
length  of  the  metal  surface  measured  in  places 
where  the  scale  spalled  off  after  cooling  to  room 
temperature.  Although  the  number  of  data  is  small, 
it  appears  that  both  the  outer  and  inner  oxide  sur¬ 
faces  have  similar  wavelengths.  This  is  also  con¬ 
firmed  by  direct  SEM  observations  (Fig.  2). 

The  time  dependence  of  the  roughness  parameter 
Rq  [Fig.  5(b)]  also  reveals  similar  behavior  for  all 
orientations  of  the  metal  substrate:  a  fast  initial 
growth  of  oxide  undulations  is  followed  by  rela¬ 
tively  small  changes  after  longer  times.  However,  a 
clear  difference  in  wrinkling  amplitude  is  detected 
during  the  early  stages  of  oxidation.  While  all  start- 
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Fig.  4.  SEM  micrographs  (a),  (b)  and  AFM  scans  (c),  (d)  of  the  oxide  surface  on  the  Fe-Cr-Al  alloy 
after  oxidation  at  1000°C  for  3  h.  The  alloy  with  (110)  initial  surface  orientation  produces  axisymmetri- 
cal  wrinkles  (a),  (c),  while  the  same  alloy  with  (111)  orientation  gives  elongated  ridges  (b).  (d). 


ing  material  surfaces  had  approximately  the  same 
roughness  ( Rq  =  10  nm),  after  a  short  oxidation  time 
the  amplitude  is  clearly  larger  on  the  (111)  surface, 
smaller  on  the  (100),  and  smallest  on  the  (110)  sur¬ 
face.  After  about  30  h  all  amplitudes  are  approxi¬ 
mately  equal,  and  after  longer  oxidation  times  the 
amplitude  is  even  somewhat  smaller  on  the  (111) 
orientation.  Measurements  made  after  250  h, 
although  not  presented  here,  demonstrate  only  a 
slight  additional  increase  of  Rq  up  to  0.5-0. 6 //m 
and  support  the  observation  that  the  wrinkling 
amplitude,  following  an  initial  fast  growth,  then 
increases  slowly  with  time. 

A  few  data  points  in  Fig.  5(b)  characterize  the 
roughness  of  the  oxide-metal  interface  (solid 
points).  Unlike  the  wavelength,  which  was  quite 
similar  for  both  the  metal  and  oxide  surfaces 
[Fig.  5(a)],  the  roughness  of  the  metal  surface  is 
considerably  smaller  than  that  of  the  outer  oxide 
surface.  This  result  is  illustrated  in  Fig.  6  by  two 
AFM  images  of  the  same  (110)  specimen  oxidized 
for  30  h:  the  oxide  surface  looks  more  wrinkled  due 
to  a  larger  amplitude.  As  the  scale  was  in  contact 
with  the  metal  during  oxidation  and  no  interfacial 
cavities  were  formed,  this  necessarily  means  that  the 
oxide  layer  is  generally  thicker  near  the  peaks  and 
thinner  at  the  valleys  of  the  interface. 


An  increase  of  the  oxide  surface  area  taken  from 
the  AFM  roughness  analysis  is  presented  in 
Fig.  5(c).  These  results  show  a  fast  initial  enlarge¬ 
ment  of  the  surface  area  as  a  result  of  wrinkling 
and  no  further  increase  after  about  25-30  h. 

The  alumina  scales  formed  on  all  the  specimens 
after  isothermal  oxidation  were  analyzed  using  opti¬ 
cal  piezospectroscopy.  The  frequency  shift,  Av,  rela¬ 
tive  to  the  stress-free  state,  is  shown  in  Fig.  7  for  all 
three  orientations  of  the  Fe-Cr-Al  alloy.  The  lar¬ 
gest  frequency  shift,  corresponding  to  the  highest 
residual  room-temperature  stress  in  the  scale,  is 
observed  after  short  oxidation  (less  than  1  h).  With 
increasing  time,  the  shift  decreases  for  all  orien¬ 
tations  suggesting  that  the  growth  stress  in  rela¬ 
tively  thick  scales  is  smaller  than  in  thin  scales  at 
the  beginning  of  oxidation.  Among  the  three  orien¬ 
tations,  the  highest  shift  is  detected  on  the  (110) 
and  the  smallest  on  the  (111)  specimens.  After  pro¬ 
longed  oxidation  (100  h),  the  frequency  shift  does 
not  vary  much  between  the  different  metal  orien¬ 
tations  although  the  data  show  a  relatively  large 
scatter  on  a  given  specimen. 

The  stress  axis  included  in  Fig.  7  represents  nom¬ 
inal  values  calculated  assuming  biaxial  compression 
of  the  oxide  [equation  (2)].  In  general,  however,  the 
relationship  between  residual  stress  and  frequency 
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Fig.  5.  Geometrical  parameters  of  the  scale  wrinkling  as  a 
function  of  oxidation  time  at  1000°C  for  the  three  orien¬ 
tations  of  the  Fe-Cr-Al  alloy:  (a)  average  wavelength  2 L\ 
(b)  surface  roughness  parameter  Rq\  (c)  surface  area  ratio 
AS/ S0  =  {S  -  S0)i S0  where  S  is  the  actual  three-dimen¬ 
sional  surface  area  and  50  is  the  two-dimensional  pro¬ 
jected  area.  Open  symbols — oxide  surface;  solid  symbols — 
metal  surface. 

shift  is  rather  complex  [11],  and  the  biaxial  approxi¬ 
mation  is  not  valid.  Nevertheless,  there  is  a  direct 
correspondence  between  frequency  shift  and  elastic 
strain  energy,  so  a  reduction  in  frequency  shift  can 
be  directly  interpreted  as  a  reduction  in  the  average 
stress  in  the  scale  and  vice  versa  [11].  The  results  in 
Fig.  7  indicate  a  substantial  difference  in  room-tem¬ 
perature  residual  stress  between  three  orientations 
after  short  oxidation  exposures.  Since  the  thermal 
mismatch  stress  should  not  depend  strongly  on  the 
metal  orientation,  this  difference  is  largely  due  to 
the  different  values  of  the  growth  stresses.  An 
attempt  to  quantify  the  growth  stress  in  the 
wrinkled  oxide  using  the  piezospectroscopic  fre¬ 
quency  shift  and  AFM  results  is  given  in  the 
Discussion  (Section  4). 

Taken  together  with  the  geometrical  parameters, 
the  data  in  Fig.  7  reveal  a  striking  correlation 
between  the  average  stress  and  the  extent  of  oxide 
wrinkling:  a  higher  growth  stress  on  the  (110)  orien¬ 
tation  corresponds  to  a  less  wrinkled  scale. 


Fig.  6.  Two  AFM  images  of  the  oxide  surface  (a)  and 
metal  surface  (b)  on  the  same  (110)  Fe-Cr-Al  alloy  after 
oxidation  at  1000°C  for  30  h.  The  roughness  parameter  Rq 
equals  0.35  /mi  (a )  and  0.23  /im  (b).  Estimated  oxide  thick¬ 
ness  Hox  is  indicated. 

Conversely,  on  the  (111)  orientation,  the  scale  is 
more  prone  to  wrinkling  while  the  growth  stress  is 
lower.  After  longer  oxidation  the  influence  of  sub¬ 
strate  orientation  becomes  insignificant. 

Importantly,  the  orientation  dependence  of 
wrinkling  parameters  and  residual  stress  is  not 
caused  by  the  difference  between  growth  rates  of 
alumina  scale.  On  the  contrary,  all  three  orien¬ 
tations  of  the  Fe-Cr-Al  alloy  show  almost  identical 
parabolic  oxidation  kinetics  (Fig.  8).  Chromium 
concentration  is  also  very  much  the  same  in  scales 
formed  on  all  orientations  of  the  Fe-Cr-Al  alloy 
(Fig.  9),  and  therefore  different  behavior  of  the 
scales  cannot  be  explained  by  an  effect  of  chromium 
on  the  alumina  creep  rate.  The  concentration  is  sur¬ 
prisingly  high  in  very  thin  scales  after  short  oxi¬ 
dation  times.  This  may  be  due  to  the  formation  of 
significant  amounts  of  chromia  or  spinel  phases  at 
the  nucleation  stage.  However,  even  after  the  short¬ 
est  time  examined  (0.1  h).  the  scale  is  entirely  com¬ 
posed  of  a-Al203,  i.e.  any  chromium-containing 
oxides  initially  formed  are  already  dissolved  in  the 
alumina.  Subsequently,  the  concentration  gradually 
decreases  probably  as  a  result  of  less  chromium 
entering  the  growing  scale  and  also  due  to  chro¬ 
mium  evaporation  from  the  scale  during  oxidation. 
Although  we  have  not  measured  the  iron  concen¬ 
tration,  cursory  SIMS  and  RBS  results  indicate  a 
general  tendency  for  the  concentration  of  Fe  ions  to 
be  similar  to  that  shown  in  Fig.  9  for  Cr  ions.  The 


5160 


TOLPYGO  and  CLARKE:  WRINKLING  OF  a- ALUMINA  FILMS— I 


0.01  0.1  l  10  100  1000 


Oxidation  Time  [hr) 

Fig.  7.  Frequency  shift  of  the  characteristic  Krline  of  •/- 
AI:CU  scales  on  different  alloy  orientations  as  a  function 
ot  oxidation  time  at  1000'C.  The  second  v-axis  shows  the 
calculated  residual  stress  in  the  scale  assuming  it  to  be 
under  biaxial  compression. 


data  for  the  Fe-Cr-Al- Y  alloy,  included  in  Fig.  9 
for  comparison,  will  be  discussed  in  Section  3.2. 

3.2.  Fe-Cr-Al-Y  alloy 

Unlike  the  Fe-Cr-Al  alloy,  measurements  on 
single-crystalline  specimens  of  the  Fe-Cr-Al-Y 
alloy  were  performed  mainly  in  the  course  of  cyclic 
oxidation.  Each  specimen  was  repeatedly  oxidized 
for  different  times,  examined  at  room  temperature 
and  oxidized  again  with  a  cumulative  exposure  of 
100  h.  A  few  specimens  were  isothermally  oxidized 
in  order  to  check  whether  the  time  evolution  of  the 
residual  stress  in  the  oxide  was  affected  by  inter¬ 
mediate  cooling  and  heating  during  cyclic  oxi¬ 
dation.  No  detailed  investigation  of  the  oxidation 
kinetics  has  been  performed  on  the  Fe-Cr-Al-Y 
alloy;  however,  the  microscopic  observations  con¬ 
firm  that  the  oxide  thickness  is  comparable  with 
that  on  the  Fe-Cr-Al  alloy  (Figs  2  and  3). 


001  o.t  i  to  ioo  toon 

Oxidation  Time  [hr] 


Fig.  9.  Chromium  concentration  in  the  x-ALOj  scales 
formed  on  the  Fe-Cr-AI  (solid  symbols)  and  Fc-Cr-Al- 
Y  (open  symbols)  alloys.  The  concentration  was  deter¬ 
mined  from  the  luminescence  frequency  shift  measured  on 
the  spalled  oxide  relative  to  a  stress-free  sapphire. 


Since  the  alumina  scale  on  the  yttrium-containing 
alloy  is  almost  perfectly  flat,  no  AFM  results  are 
presented  for  this  alloy.  The  time  dependence  of  the 
residual  stress  in  the  scale  together  with  the  fre¬ 
quency  shift  of  the  R2-line  are  shown  in  Fig.  10. 
The  flat  configuration  of  the  oxide  and  oxide-metal 
interface  implies  that  the  scale  is  under  a  biaxial 
compression,  so  a  simple  relation  [equation  (2)] 
between  the  frequency  shift  and  residual  stress  can 
be  used.  Specimens  of  all  three  orientations  exhibit 
identical  residual  stress  after  oxidation  for  0.1  h. 
The  same  is  observed  after  100  h.  In  between,  the 
stress  is  somewhat  higher  on  the  (110)  orientation 
than  on  the  other  specimens.  The  data  points  show¬ 
ing  residual  stress  after  isothermal  oxidation  fit  well 
into  the  curves  for  cyclic  experiments  suggesting 
that  intermediate  cooling  does  not  affect  time  evol¬ 
ution  of  residual  stress,  i.e.  does  not  lead  to  stress 
relaxation. 


Oxidation  Time  Ihr]  Oxidation  Time  [hr) 

Fig.  8.  Kinetics  of  isothermal  oxidation  of  the  Fe-Cr-Al  Fig.  10.  Frequency  shift  and  corresponding  residual  com- 

alloy  at  1000'C.  Experimental  data  were  obtained  as  a  pressive  stress  in  the  scales  formed  on  the  Fe-Cr-Al-Y 

mass  gain  per  unit  surface  area  and  then  transformed  into  alloy  during  oxidation  at  1000°C.  Estimated  value  of  the 
oxide  thickness.  thermal  mismatch  stress,  crT,  is  indicated. 
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In  general,  the  room-temperature  residual  stress 
is  much  higher  than  expected  from  the  thermal  mis¬ 
match  alone.  This  gives  a  clear  indication  that  the 
oxide  is  under  compression  during  oxidation. 
Similar  to  the  Fe-Cr-Al  alloy,  the  variation  of  the 
residual  stress  with  time  means  that  the  growth 
stress  also  changes.  At  this  point,  we  Can  qualitat¬ 
ively  estimate  that  the  growth  stress  in  the  scale  on 
the  Fe-Cr-Al-Y  alloy  gradually  increases  and 
reaches  values  of  the  order  of  0. 5-1.0  GPa  during 
oxidation.  A  slight  decrease  between  30  and  100  h 
may  be  due  to  some  plastic  relaxation,,  presumably 
by  metal  creep,  during  oxidation.  This  process,  as 
recently  demonstrated  on  a  polycrystalline  Fe-Cr- 
Al-Y  alloy  oxidized  at  1 1 00—  1 300°C  [12],  leads  to 
measurable  elongation  of  the  specimens.  For 
0.4  mm  thick  rectangular  specimens  used  in  this 
work,  compressive  stress  of  about  l  GPa  in  the 

1  f.im  thick  oxide  on  both  sides  of  the  plate  must  be 
balanced  by  a  biaxial  tension  of  5  MPa  in  the 
metal.  This  stress  is  sufficient  for  some  metal  creep 
to  occur  at  1000CC,  thus  leading  to  a  reduction  of 
the  stress  in  the  scale  during  oxidation.  This  relax¬ 
ation,  however,  has  not  been  monitored  in  the  pre¬ 
sent  work,  because  the  creep  strain  was  too  small  to 
measure.  Indeed,  if  caused  exclusively  by  metal 
elongation,  the  reduction  of  oxide  stress  by  0.1- 
0.3  GPa  between  30  and  100  h  (Fig.  10)  would  cor¬ 
respond  to  the  metal  plastic  strain  of  about 

2  x  lO"4^  x  10-4,  which  is  below  our  detection 
limits  (about  10~3  for  a  7-8  mm  specimen).  Thus, 
although  the  possibility  of  stress  relaxation  by 
metal  creep  during  oxidation  is  clear,  no  measure¬ 
ments  of  this  are  presented.  As  for  the  plastic  stress 
relaxation  after  cooling,  the  same  force  balance 
arguments  show  that  the  tensile  stress  in  the  metal 
at  room  temperature  does  not  exceed  20-25  MPa, 
i.e.  cannot  produce  any  plastic  deformation  of  the 
specimens.  Further  analysis  and  comparison  with 
the  Fe-Cr-Al  alloy  are  presented  in  Section  4. 

The  chromium  concentration  in  alumina  on  the 
Fe-Cr-Al-Y  alloy,  determined  from  the  concen¬ 
tration-related  frequency  shifts  [equation  (3)],  is 
shown  in  Fig.  9.  A  decrease  of  the  chromium  con¬ 
tent  with  time  is  very  similar  to  that  on  the  Fe-Cr- 
Al  alloy  although  the  concentration  is  slightly 
higher  on  the  yttrium-containing  alloy. 
Nevertheless,  it  may  be  concluded  that  the  different 
behavior  of  the  two  alloys  is  not  related  to  differ¬ 
ences  in  the  chromium  content  in  the  scale. 

4.  ANALYSIS  AND  DISCUSSION 

The  results  described  in  the  previous  section  indi¬ 
cate  the  presence  of  substantial  growth  stresses  in 
oxide  formed  on  both  the  Fe-Cr-Al  and  Fe-Cr^ 
Al-Y  alloys.  At  the  same  time,  the  behavior  of  the 
scales  is  very  different.  On  the  yttrium-containing 
alloy,  the  growth  stress  gradually  increases  with 
time,  but  the  oxide  remains  flat.  In  contrast,  on  the 


Fe-Cr-Al  alloy,  the  growth  stress  generally 
decreases  with  time  and  the  scale  plastically  deforms 
producing  wrinkles.  In  addition,  both  the  growth 
stress  and  wrinkling  evolution  depend  on  the  crys¬ 
tallographic  orientation  of  the  metal. 

As  the  formation  of  the  oxide  wrinkles  occurs  at 
high  temperature,  it  is  essential  to  compare  the 
growth  stresses  in  different  scales  and  determine  the 
growth  stress  variation  with  time.  To  do  this,  the 
thermal  mismatch  contribution  must  be  subtracted 
from  the  residual  room-temperature  stress.  For  a 
flat  oxide  layer  formed  on  the  Fe-Cr-Al-Y  alloy, 
the  calculation  of  the  thermal  stress  and  growth 
stress  is  straightforward.  If  the  scale  is  much  thinner 
than  the  metal  and  no  plastic  relaxation  occurs 
during  cooling,  which  is  apparently  the  case  in  the 
present  experiments,  the  thermally  induced  stress, 
trT,  is  given  by  the  following  approximate  ex¬ 
pression: 

(*ox  -  )AT-  £o* 

1  -  ^ox 

where  the  metal  and  oxide  thermal  expansion  coeffi¬ 
cients  are,  respectively,  14.0  x  10_6/°G  and 
aox  =  8.2  x  10”6/CC  [18],  AT  is  the  temperature 
change  (AT  -  975°C),  the  oxide  elastic  modulus  is 
taken  to  be  £ox  =  400GPa,  and  Poisson  ratio 
vox  =  0.25.  For  the  Fe-Cr-Al-Y  alloy,  the  thermal 
mismatch  stress  (tt  is  indicated  in  Fig.  10.  In  turn, 
the  growth  stress  in  the  scale,  <rG,  can  be  deter¬ 
mined  from 

.  ^OX  rz\ 

a  =  +  TT  *  aG  ^ 

L  ox 

where  cr  is  the  residual  room  temperature  stress  in 
the  scale  and  £jx  =  350  GPa  is  the  oxide  Young’s 
modulus  at  1000°C  [18].  Note  that  the  compression 
is  purely  biaxial  for  the  scales  formed  on  the  Fe- 
Cr-Al-Y  alloy. 

For  a  wrinkled  scale,  however,  even  the  thermal 
mismatch  stress,  not  to  mention  the  growth  stress, 
varies  with  position  across  the  scale'  and  depends  on 
geometrical  parameters  of  the  oxide.  As  a  result,  all 
the  stress  components  oy,  are  expected  to  change 
between  peaks  and  valleys  of  the  oxide  layer.  The 
mechanical  aspects  of  such  a  complex  situation 
were  examined  recently  using  finite  element 
analysis  [11],  and  the  results  of  that  study  are 
applied  in  the  following  paragraphs.  In  particular, 
the  dependence  of  the  frequency  shift  on  the  oxide 
wavelength  2 L,  amplitude  A ,  and  thickness  H  will 
be  used.  In  the  numerical  analysis,  the  frequency 
shift  was  calculated  for  different  geometrical  par¬ 
ameters  of  the  oxide  subject  to  a  known  elastic  ther¬ 
mal  mismatch  strain.  In  this  work,  a  reverse 
problem  is  posed:  the  parameters  L,  At  H  and  the 
frequency  shifts  are  experimentally  determined 
whereas  the  stress  (or  elastic  strain)  is  the  unknown. 
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If  the  scale  configuration  exhibits  a  symmetry 
relative  to  some  mid-plane,  it  is  reasonable  to 
assume  that  the  average  value  of  the  normal  com¬ 
ponent,  <t--,  over  one  wavelength,  is  essentially  zero. 
The  in-plane  components,  axx  and  <rlT.  can  be  taken 
equal  by  symmetry.  The  shear  stresses  do  not  con¬ 
tribute  significantly  to  the  frequency  shift  [17].  All 
these  assumptions  simplify  the  comparison  of  the 
scales  of  different  configurations.  Once  the  wrink¬ 
ling  parameters  are  known,  each  particular  geome¬ 
try  can  be  transformed  into  a  flat  oxide  layer 
subject  to  the  same  (macroscopic)  elastic  strains  as 
the  wrinkled  scale.  The  frequency  shift  and  stress 
that  would  be  obtained  from  such  an  equivalent 
scale  can  be  found  using  the  results  from  Ref.  [1 1], 
By  doing  this  for  all  experimental  data,  all  oxide 
configurations  can  be  adjusted  to  a  quasi-biaxial 
compression  and  hence  can  be  compared  with  each 
other. 

For  the  purpose  of  comparison,  we  suppose  that 
all  scales  formed  on  the  Fe-Cr-Al  alloy  assume  a 
sinusoidal  shape  where  the  wrinkling  displacement 
with  time  is  given  by: 


r(.v ,yj)  —  A(t)  ■  sin 


7LY 

W)m 


(6) 


with  the  wavelength  2 L(t)  and  amplitude  A(t)  both 
changing  with  time.  For  this  configuration,  the 
wrinkling  amplitude  is  determined  by  the  oxide 
roughness  parameter  as  A(t)  =  2 Rq(t).  From  the  ex¬ 
perimental  values  of  2 L  [Fig.  5(a)],  Rq  [Fig.  5(b)], 
and  oxide  thickness  H  (Fig.  8),  we  can  find  the 
dimensionless  geometrical  parameters  LjH  and  A/H 
used  in  numerical  calculations  [11]  and  determine 
the  frequency  shift  ratio,  k  —  Avw/Avf,  correspond¬ 
ing  to  each  particular  combination  of  parameters. 
Here,  Avw  is  the  average  frequency  shift  that  is 
measured  on  a  wrinkled  scale  under  a  certain  set  of 
elastic  strains,  and  Avf  is  the  shift  that  would  be 
measured  on  the  equivalent  flat  scale.  The  time 
dependence  of  the  parameters  LjH  and  A/H  as  well 
as  the  frequency  shift  ratio  k  are  presented  in 
Fig.  11.  Clearly,  k  — ►  1  at  the  beginning  of  oxi¬ 
dation  when  scale  is  almost  flat,  and  k  <  1  when 
wrinkling  occurs.  This  gives  an  important  con¬ 
clusion:  the  shift  measured  on  a  wrinkled  oxide  is 
always  smaller  than  on  a  flat  oxide  for  the  same 
mismatch  strain. 

The  frequency  shift  ratio,  k,  can  be  applied  to 
the  experimental  values  in  Fig.  7  in  order  to  find 
the  frequency  shift  corresponding  to  the  scale  which 
is  now  assumed  to  be  flat.  This  shift  is  determined 
as 


Aveq  —  ^  *  Avexp  (7) 

where  Avexp  denotes  experimental  results  (Fig.  7) 
and  k  is  taken  from  Fig.  11(c)  for  each  given  time 
and  metal  orientation.  Since  the  calculated  equival¬ 
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Fig.  11.  Parameters  used  for  the  growth  stress  calculations 
in  the  wrinkling  scales  on  the  Fe-Cr-Al  alloy:  (a)  exper¬ 
imental  values  of  the  wavelength-oxide  thickness  ratio,  Li 
H\  (b)  wrinkling  amplitude-oxide  thickness  ratio,  AiH\  (c) 
frequency  shift  ratio,  k  ~  Avw/Avf,  taken  from  the  finite  el¬ 
ement  calculations  in  Ref.  [1 1]. 

ent  shift,  Aveq,  refers  to  a  quasi-biaxial  stress  state, 
it  can  be  transformed  into  compressive  stress 
according  to  equation  (2),  and  finally  the  oxide 
growth  stress  is  obtained  using  equation  (5).  With 
the  above  correction  [equation  (7)]  a  comparison 
between  wrinkled  scales  formed  on  different  metal 
orientation  is  possible  and,  moreover,  these  data 


Fig.  12.  Calculated  values  of  the  growth  stress  in  the  x- 
A1:03  scales  during  oxidation  at  1000°C  of  the  Fe-Cr-Al 
(solid  symbols)  and  Fe-Cr-Al-Y  (open  symbols)  alloys. 
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can  be  compared  with  results  for  the  Fe-Cr-Al-Y 
alloy. 

Figure  12  shows  the  derived  values  of  the  oxide 
growth  stress  for  all  three  orientations  of  both 
alloys.  Two  opposite  tendencies  are  revealed.  On 
the  Fe-Cr-Al  alloy,  a  rapid  increase  of  the  stress  is 
followed  by  a  gradual  decline,  essentially  to  zero 
after  20-30  h  of  oxidation.  In  contrast,  on  the 
yttrium-containing  alloy  the  growth  stress  exhibits  a 
continuous  increase  up  to  about  1  GPa  and  then  a 
slight  decrease  after  prolonged  oxidation,  which  is 
believed  to  be  a  result  of  metal  plastic  relaxation,  as 
indicated  previously.  Except  for  the  first  2-3  h,  the 
compressive  stress  in  the  oxide  on  the  Fe-Cr-Al-Y 
alloy  is  substantially  larger  than  that  on  the  Fe-Cr- 
A1  alloy.  Several  other  features  are  worth  mention¬ 
ing.  In  all  experiments,  a  growth  stress  of  the  order 
of  0. 3-1.0  GPa  is  observed  in  very  thin  scales  after 
only  6  min  oxidation.  The  compression  is  notably 
higher  on  the  (100)  and,  especially,  (110)  specimens 
of  the  Fe-Cr-Al  alloy;  it  is  precisely  these  orien¬ 
tations  that  produce  less  wrinkled  scale  initially.  On 
the  other  hand,  the  (111)  Fe-Cr-Al  alloy  and  all 
orientations  of  the  Fe-Cr-Al-Y  alloy  exhibit  ap¬ 
proximately  equal  growth  stresses  at  the  beginning 
of  oxidation.  Nevertheless  the  scale  wrinkles  within 
minutes  on  the  former  whereas  it  remains  flat  on 
the  latter. 

The  growth  stress  for  the  Fe-Cr-Al  alloy  in 
Fig.  12  seems  to  decrease  and  become  tensile  (posi¬ 
tive  values)  after  longer  times.  This  is,  most  prob¬ 
ably,  due  to  the  fact  that  the  scale  configuration  is 
not  exactly  symmetrical,  so  that  the  assumptions 
used  for  the  numerical  analysis  are  not  entirely 
valid  at  long  times.  In  particular,  the  frequency 
shift  ratio  [equation  (7)]  is  only  approximate.  The 
second  possibility  is  that  partial  stress  relaxation  in 
the  metal  occurs  during  cooling.  To  this  point,  the 
assumption  has  been  made  that  the  metal  deforms 
elastically  when  temperature  changes.  For  a  flat 
oxide,  this  appears  to  be  reasonable  because  of  the 
small  and  uniform  thermal  stress  in  the  metal,  as 
mentioned  above.  The  presence  of  wrinkles,  how¬ 
ever,  should  result  in  a  non-uniform  stress  distri¬ 
bution  in  the  subscale  region  of  the  metal  with 
relatively  high  stresses  in  specific  areas  [11].  It  is 
possible  that  plastic  deformation  of  the  metal 
occurs  in  these  areas  during  cooling,  thus  leading  to 
a  decrease  of  the  average  residual  stress  in  the 
oxide. 

A  comparison  of  the  results  for  the  Fe-Cr-Al 
and  Fe-Cr-Al- Y  alloys  in  Fig.  12  and  the  micro¬ 
scopic  observations  show  that  the  existence  of  high 
growth  stresses  is  not  sufficient  alone  to  cause 
wrinkling.  Moreover,  even  on  the  same  Fe-Cr-Al 
alloy,  a  higher  growth  stress  on  the  (110)  orien¬ 
tation  does  not  lead  to  more  extensive  wrinkling. 
This  suggests  that  the  scale  configuration  is  related 
to  stress  relaxation  in  the  oxide  but  not  specifically 
to  the  magnitude  of  the  growth  stress  itself.  If  so, 


the  rate  of  alumina  plastic  relaxation  becomes  a 
critical  factor  in  determining  stress  in  the  scale 
during  its  growth.  Fast  plastic  deformation  provides 
a  decrease  of  the  growth  stress  essentially  to  zero 
on  the  (lit)  and  (100)  Fe-Cr-Al  after  several 
hours.  For  some  reason,  it  is  retarded  on  the  (110) 
orientation,  thus  the  growth  stress  remains  substan¬ 
tial  for  much  longer  times.  Certainly,  a  higher  stress 
in  the  oxide  should  lead  to  a  higher  creep  rate,  but 
other  parameters  such  as  alumina  grain  size  or 
grain  aspect  ratio  may  well  be  dominating. 

One  of  the  consequences  of  the  wrinkling  and  the 
fact  that  the  underlying  metal  conforms  to  the 
oxide  is  that  the  surface  orientation  of  the  metal 
changes  with  time  and  becomes  more  and  more  ran¬ 
domized  as  wrinkling  proceeds.  As  a  result,  the  in¬ 
itial  distinction  between  the  crystallographic 
orientations  of  the  specimens  becomes  smeared  out 
when  a  thin  scale  is  formed.  It  is  therefore  likely 
that  the  observed  differences  in  residual  stress  and 
wrinkling  morphology  are  determined  at  the  nuclea- 
tion  stage  of  the  scale  formation.  For  instance,  if  a 
larger  density  of  alumina  nuclei  form  on  the  (111) 
orientated  surface  of  the  Fe-Cr-Al  alloy,  a  smaller 
oxide  grain  size  will  result,  thereby  facilitating  creep 
during  oxidation.  Conversely,  a  lower  nucleation 
density  would  lead  to  a  larger  grain  size  and  hence 
a  more  creep  resistant  oxide.  Some  preferential 
orientation  of  alumina  grains  relative  to  the  metal's 
initial  orientation  is  also  possible  [19],  which  would 
also  affect  plastic  behavior  of  the  scale  and  result  in 
different  creep  rates. 

It  might  be  supposed,  following  the  above  argu¬ 
ments,  that  the  absence  of  wrinkling  on  the  Fe-Cr- 
Al-Y  alloy  denotes  a  very  slow  relaxation,  and 
therefore  the  growth  stress  remains  high  during  oxi¬ 
dation.  This  assumption  looks  even  more  reason¬ 
able  as  the  creep  rate  of  alumina  has  been  shown  to 
be  significantly  reduced  by  yttrium  doping  [20,21]. 
However,  such  a  consideration  is  not  completely 
satisfactory  for  the  following  reason:  the  oxide  on 
the  Fe-Cr-Al-Y  alloy  remains  flat  even  after  very 
long  oxidation  times  and  the  growth  stress  remains 
high.  On  the  other  hand,  after  prolonged  oxidation, 
a  relatively  thick  scale  on  the  Fe-Cr-Al  alloy  con¬ 
tinues  to  deform  under  small,  if  any,  growth  stress, 
which  is  evident  from  the  continuous  evolution  of 
the  wrinkling  wavelength  and  amplitude  (Fig.  5).  In 
order  to  explain  the  difference  between  the  two 
alloys,  it  should  be  noted  that  the  value  of  the 
growth  stress  at  any  given  time  represents  the  result 
of  two  concurrent  and  competing  processes  in  the 
scale:  stress  generation  and  stress  relief.  A  compari¬ 
son  of  the  growth  stresses  on  the  two  alloys 
(Fig.  12)  has  already  demonstrated  that  the  exist¬ 
ence  of  a  very  high  stress  in  the  scale  on  the 
yttrium-containing  alloy  is  not  sufficient  to  cause 
wrinkling.  Another  factor  appears  to  be  most  sig¬ 
nificant  in  determining  whether  the  oxide  remains 
flat  or  assumes  a  wrinkled  configuration,  namely, 
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the  lateral  growth  strain  of  the  oxide.  Following  the 
arguments  used  to  describe  the  stress  generation 
during  oxidation  [12],  we  suppose  that  the  stresses 
develop  when  the  scale  grows  in  the  lateral  direction 
but  is  constrained  by  the  underlying  metal.  (The 
growth  in  the  direction  normal  to  the  surface  is  not 
constrained  and  produces  an  increase  in  oxide 
thickness.)  While  the  mechanism  of  such  lateral 
growth  is  not  known,  the  Rhines-Wolf  model  [3], 
suggesting  the  formation  of  oxide  within  the  exist¬ 
ing  layer,  seems  to  be  the  most  plausible  expla¬ 
nation. 

Quantification  of  the  scale  morphology  on  the 
Fe-Cr-Al  alloy  makes  it  possible  to  determine  the 
lateral  growth  from  the  measured  surface  area  of 
the  scale.  As  shown  in  Fig.  5(c).  the  surface  area  of 
the  wrinkled  oxide  is  substantially  larger  than  the 
initially  flat  surface.  The  increase  of  the  surface 
area  can  be  described  by  a  strain,  ew,  obviously 
plastic,  which  can  be  obtained  from  the  surface 
area  ratio: 


^"V'  +  sb-1  (8) 

where  the  ratio  of  surface  area  increase  to  the  initial 
surface  area,  AS/S0,  is  taken  from  the  AFM  rough¬ 
ness  analysis  [Fig.  5(c)].  Figure  13-  shows  the  time 
variation  of  the  strain  gw,  defined  in  this  way,  for 
the  three  orientations  of  the  Fe-Cr-Al  alloy.  This 
experimentally  measured  strain  represents  a  sum  of 
the  growth  strain,  £growth,  and  elastic  strain,  eel,  in 
the  scale  during  oxidation 

£w  =5  £growth  -F  £ej  (9) 

In  turn,  the  elastic  strain  is  given  by  the  growth 
stress  value 


Fig.  13.  Lateral  strain  of  the  wrinkling  a-Al203  scale  on 
different  orientations  of  the  Fe-Cr-Al  alloy  determined 
from  the  oxide  surface  area  enlargement  according  to 
equation  (8).  This  strain  represents  plastic  deformation  as¬ 
sociated  with  oxide  wrinkling.  The  surface  area  enlarge¬ 
ment,  A S/S0,  is  taken  from  the  AFM  roughness  analysis 
[Fig.  5(c)]. 


where  the  stress  <rG  is  determined  by  equation  (5) 
and  presented  in  Fig.  12.  This  strain  is  taken  to  be 
negative  because  the  oxide  is  under  compression. 
Combining  equations  (8HI0),  the  growth  strain  is: 

w  =  ...» 

Note  that  all  strains  are  considered  at  temperature, 
therefore  the  thermal  strains  are  not  included.  We 
also  suppose  that  the  oxide  morphology  does  not 
change  during  cooling  so  the  surface  area,  measured 
at  room  temperature,  is  the  same  as  at  the  oxi¬ 
dation  temperature. 

The  growth  strain  defined  by  equation  (11)  for 
the  oxide  formed  on  the  Fe-Cr-Al  alloy  is  pre¬ 
sented  in  Fig.  14.  For  comparison,  the  growth 
strain  for  the  Fe-Cr-Al-Y  alloy  is  included.  The 
elastic  contribution  [the  second  term  on  the  right- 
hand  side  of  equation  (11)]  is  rather  small  for  the 
Fe-Cr-Al  alloy,  whereas  it  is  the  only  contribution 
included  for  the  flat  oxide  on  the  Fe-Cr-Al-Y 
alloy.  The  difference  between  the  oxide  growth 
strains  for  the  two  alloys  is  remarkable.  From  the 
very  beginning  of  oxidation  the  growth  strain  is 
substantially  larger  on  the  Fe-Cr-AI  alloy  and 
rapidly  increases  with  time  reaching  a  value  of  5- 
6%,  more  than  an  order  of  magnitude  higher  than 
on  the  Fe-Cr-Al-Y  alloy.  After  about  20-30  h,  the 
growth  strain  does  not  increase  on  the  Fe-Cr-Al 
alloy.  Apparently,  the  oxide  wrinkling  is  not  a  con¬ 
tinuous  process:  it  takes  place  during  initial  stages, 
gradually  slows  down  and  eventually  stops  after 
prolonged  oxidation. 

Strictly  speaking,  there  should  be  additional 
terms  on  the  right-hand  side  of  equation  (11).  First 
and  foremost,  a  plastic  relaxation  in  the  oxide  that 


Oxidation  Time  Ihr) 

Fig.  14.  Lateral  growth  strain  of  the  oxide  on  the  Fe-Cr- 
Al  (solid  symbols)  and  Fe-Cr-Al-Y  (open  symbols)  alloys 
calculated  according  to  equation  (11). 
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occurs  without  wrinkling  should  be  mentioned.  The 
existence  of  this  relaxation  mode  has  been  recently 
demonstrated  for  the  Fe-Cr-Al- Y  alloy  oxidized  at 
1 100—  1 300 'C  [12,22].  The  oxide  creep,  presumably 
in  the  direction  normal  to  the  surface,  provides  a 
way  to  accommodate  the  lateral  growth  strain  of 
the  order  of  a  few  percent  at  higher  temperatures 
and  longer  times.  Perhaps  the  columnar  grain  struc¬ 
ture  of  the  scales  with  yttrium  makes, this  type  of 
plastic  deformation  preferable  to  wrinkling  on  the 
yttrium-free  alloy  where  the  oxide  grains  are 
equiaxed.  In  the  present  work,  we  could  not  quan¬ 
tify  the  oxide  creep  contribution  for  the  Fe-Cr-Al- 
Y  alloy.  However,  it  might  be  quite  significant  as 
the  growth  stress  is  very  high  in  the  scale  at 
100(FC.  For  the  Fe-Cr-Al  alloy,  an  additional 
oxide  creep  normal  to  the  interface  is;  also  possible, 
most  probably  during  initial  stages  when  the  growth 
stress  is  high.  This  correction  would  shift  the  curves 
of  the  growth  strain,  £growth,  in  Fig.  14  upwards. 

Another  term  describing  metal  elongation  [12] 
during  oxidation  should  also  be  included  in 
equation  (11).  This  strain,  however,  was  too  small 
to  be  detected  experimentally  in  this  work.  As  men¬ 
tioned  previously,  a  possible  metal  elongation  that 
could  remain  undetected  is  about  1CT3.  Thus,  the 
actual  growth  strain  values  for  the  Fe-Cr-Al- Y 
alloy  in  Fig.  14  may  be  up  to.  l(T3  higher  after 
longer  times  (when  the  metal  elongation  might  be 
expected).  For  the  Fe-Cr-Al  alloy  this  correction  is 
insignificant  because,  when  the  oxide  becomes  rela¬ 
tively  thick,  the  growth  stress  is  already  small.  With 
all  the  uncertainties  indicated,  the  difference 
between  the  growth  strains  for  the  two  alloys  may 
in  fact  not  be  quite  so  large  as  that  presented  in 
Fig.  14,  but  they  will  nevertheless  be  substantially 
different. 

No  reliable  explanation  can  be  offered  at  this 
time  as  to  why  the  lateral  growth  of  the  oxide  on 
the  Fe-Cr-Al  alloy  apparently  terminates  after  cer¬ 
tain  oxidation  exposure.  One  possibility  is  that  the 
growth  strain  actually  continues  to  increase,  while 
the  plastic  relaxation  occurs  not  only  by  oxide 
wrinkling  but  also  by  creep  in  the  direction  normal 
to  the  surface.  As  a  result,  the  growth  strain  at  this 
stage  can  be  accommodated  without  increasing  the 
surface  area.  On  the  other  hand,  a  small  growth 
stress  in  the  oxide  after  prolonged  oxidation  indi¬ 
cates  that  this  relaxation  is  very  unlikely. 

5.  CONCLUSIONS 

Measurements  of  the  surface  topography  of  a  - 
A1203  scales  formed  on  single-crystalline  Fe-Cr-Al 
alloys  during  oxidation  at  1000°C  show  that  the 
wrinkling  of  the  scale  depends  on  the  initial  crystal¬ 
lographic  orientation  of  the  alloy  surface.  The  re¬ 
sidual  room-temperature  stress  in  the  scales  also 
depends  on  the  alloy  orientation  and  varies  with 
oxidation  time.  These  experimental  results  were 


used  to  evaluate  the  growth  stress  in  the  scale  and 
its  evolution  during  oxidation. 

Wrinkling  is  more  extensive  on  the  (111)  orien¬ 
tation,  which  leads  to  fast  relaxation  of  the  growth 
stresses  in  the  scale.  Wrinkling  is  retarded  on  the 
close-packed  (110)  plane  and,  correspondingly,  the 
growth  stress  is  higher.  After  oxidation  for  about 
30  h,  the  difference  between  metal  orientations 
becomes  negligible.  The  time  evolution  of  the  geo¬ 
metrical  parameters  describes  the  process  of  wrink¬ 
ling  in  terms  of  the  surface  area  enlargement. 
Experimental  results  show  that  wrinkling  of  the 
scale  on  the  Fe-Cr-Al  alloy  is  apparently  a  transi¬ 
ent  process  that  takes  place  during  20-30  h  at 
10CHTC.  Further  oxidation  does  not  produce  ad¬ 
ditional  enlargement  of  the  surface  area,  while  the 
plastic  deformation  of  the  scale  continues.  This  fol¬ 
lows  from  a  continuous  increase  of  the  amplitude 
and  wavelength  of  oxide  undulations. 

Except  for  the  first  few  hours  of  oxidation,  the 
growth  stress  in  the  scale  is  higher  on  the  Fe-Cr- 
Al- Y  alloy  than  on  the  yttrium-free  alloy. 
However,  no  wrinkling  occurs,  primarily  it  is  con¬ 
cluded,  because  of  a  smaller  growth  strain  in  the 
scales  in  the  presence  of  yttrium. 
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Abstract — Two  types  of  localized  separation  of  the  2-AI2O3  scale,  grown  on  a  Fe-Cr-Al  alloy  at  lOOO'C, 
occur  after  isothermal  oxidation  and  cooling  to  room  temperature.  One  type  is  a  form  of  buckling  where 
the  size  of  the  detached  region  is  much  larger  than  the  thickness  of  the  oxide  and  is  usually  accompanied 
by  substantial  stress  relaxation  and  cracking  of  the  scale.  It  is  observed  within  a  narrow  range  of  oxide 
thickness  of  about  0.2-0. 5  pm.  The  second  type  is  intimately  related  to  the  wrinkling  morphology  of  the 
scale  and  takes  place  primarily  along  the  ridges  of  the  longer  wavelength  wrinkles.  No  significant  stress 
relaxation  in  the  oxide  appears  to  accompany  this  form  of  separation  unless  cracking  of  the  scale  occurs  as 
well.  The  consequences  of  thermal  cycling  on  these  modes  of  separation  and  how  they  may  lead  to  oxide 
spalling  are  discussed.  £  1998  Acta  Metallurgica  Inc.  Published  by  Elsevier  Science  Ltd.  All  rights  reserved. 


1.  INTRODUCTION 

High-temperature  oxidation  of  Fe-22%  Cr-5%  A1 
alloy  results  in  the  formation  of  a  continuous  sur¬ 
face  layer  of  a-Al203  with  a  typical  wrinkled  or 
convoluted  morphology.  In  the  first  part  of  this 
work,  the  evolution  of  the  wrinkling  morphology 
during  oxidation  was  quantified  in  terms  of  the 
amplitude  and  wavelength  of  the  undulations  and 
these  geometric  parameters  were  related  to  the  re¬ 
sidual  stress  in  the  oxide  [1].  In  this  second  part,  a 
similar  Fe-Cr-Al  alloy  but  in  polycrystalline  form 
is  examined  with  the  emphasis  placed  on  obser¬ 
vations  of  the  separation  of  the  oxide  from  the 
underlying  alloy  and  its  relation  to  the  wrinkling 
morphology.  Two  distinct  forms  of  localized  separ¬ 
ation  are  observed.  These  are  believed  to  be  precur¬ 
sors  to  the  spalling  failure  of  the  oxide  under  cyclic 
oxidation  conditions. 

2.  EXPERIMENTAL 

The  chemical  composition  of  the  alloy  studied 
was  similar  to  that  used  in  the  first  part,  namely 
(wt%):  Fe  (bal.)-22.0%  Cr-5.28%  Al.  The  content 
of  impurities  was  determined  to  be:  82  p.p.m.  C; 
49  p.p.m.  S;  23  p.p.m.  P;  120  p.p.m.  Si.  The  alloy 
was  vacuum-induction  melted,  annealed  at  1100°C 
and  cut  into  rectangular  specimens.  The  specimens 
were  mechanically  polished  to  a  l  pm  surface  finish 
and  oxidized  in  air  at  1000°C.  The  oxide  scale  was 
studied  using  optical  and  scanning  electron  mi¬ 
croscopy  (SEM)  and  the  residual  stress  in  the  oxide 
measured  using  photostimulated  chromium  lumines- 


fTo  whom  all  correspondence  should  be  addressed. 


cence  piezospectroscopy  [2].  All  the  relevant  exper¬ 
imental  details  are  given  in  the  first  part  [1]. 

3.  RESULTS 

3.1.  Observations  of  scale  separation 

The  wrinkled  scale  generally  exhibits  good  spal¬ 
ling  resistance  after  isothermal  oxidation  at  1000  C. 
However,  the  oxide  does  not  remain  in  contact  with 
the  metal  after  cooling  to  room  temperature  every¬ 
where  over  the  surface.  Observations  using  a  con¬ 
ventional  optical  microscope  in  the  back-reflection 
mode  reveal  localized  oxide  separation  or  debond¬ 
ing  but  no  visible  spalling.  Any  debonded  (but  not 
spalled)  areas  of  the  scale  larger  than  a  few  mi¬ 
crometers  are  clearly  observed  through  an  optical 
microscope  as  brighter  regions  [Figs  1(a)  and  2], 
The  origin  of  this  optical  contrast  is  believed  to  be 
as  follows.  The  oxide  is  transparent  in  the  visible 
spectrum  and  so  most  of  the  reflection  of  incident 
light  comes  from  the  metal  surface.  Since  the  differ¬ 
ence  in  index  of  refraction  of  the  metal-gas  inter¬ 
face  is  higher  than  that  of  the  metal-oxide 
interface  [3],  the  metal  surface  under  debonded 
oxide  appears  brighter  than  the  same  surface  in 
contact  with  the  oxide.  An  additional  observation 
made  was  that  the  debonded  regions  of  the  scale 
form  during  cooling  within  a  few  minutes  after 
removing  a  specimen  from  the  furnace.  This  indi¬ 
cates  that  the  debonded  regions  “pop-in”  on  cool¬ 
ing  rather  than  steadily  grow  as  the  temperature 
decreases. 

Similar  optical  contrast  is  observed  when  large 
interfacial  cavities  form  during  oxidation.  In  this 
case,  a  higher  reflectivity  of  these  regions  is  also 
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Fig.  1.  Local  buckling  of  the  alumina  scale  on  the  Fe-Cr- 
A1  alloy  after  oxidation  for  10  h  at  1000X:  (a)  optical 
micrograph  showing  the  detached  regions  of  the  scale 
apparent  from  their  higher  reflectivity;  (b)  scanning  elec- 
tron  micrograph  showing  the  pronounced  oxide  up-lift  as¬ 
sociated  with  the  buckling  (“blistering”). 

due  to  the  smooth  metal  surface  at  the  bottom  of 
the  cavity.  Generally,  it  is  not  possible  to  dis¬ 
tinguish  the  localized  separation  induced  by  cooling 
and  the  cavities  formed  during  oxide  growth,  unless 
the  scale  is  separated  and  the  oxide-metal  interface 
is  exposed  for  direct  observation.  In  the  present 
case,  as  indicated  earlier  [1],  almost  no  cavities 
formed  during  isothermal  oxidation,  so  nearly  all 
the  debonded  areas  arise  on  cooling.  (Cyclic  oxi¬ 
dation,  however,  may  result  in  cavity  formation  at 
high  temperature  as  will  be  discussed  later.) 
Spallation  of  the  scale,  exposing  a  bare  metal  sur¬ 
face,  produces  even  more  distinct  optical  contrast 
and  can  easily  be  detected  and  distinguished  from 
the  oxide-metal  separation  described  below. 

Two  types  of  oxide  separation  and  debonding 
were  observed.  One  is  in  the  form  of  large  blisters 
such  as  shown  in  Fig.  1.  These  are  dome-shaped 
regions  of  the  scale,  20-40  fim  in  diameter,  elevated 
up  to  a  few  micrometers  above  the  metal  surface. 
Another  distinguishing  feature  is  that  the  area  of  a 
single  blister  covers  a  number  of  oxide  wrinkles. 
Since  the  metal  surface  under  the  blisters  is  seen  to 
replicate  the  wrinkles  and  grain  structure  of  the 
scale,  it  is  concluded  that  the  debonding  must  have 
occurred  on  cooling,  not  during  the  scale  growth. 


Fig.  2.  The  second  type  of  oxide  detachment  discernible 
by  its  higher  optical  reflectivity.  The  detached  regions 
increase  in  size  with  increasing  oxidation  time,  (a)  30  h, 
(b)  100  h;  (c)  400  h  (optical  micrographs). 


Usually,  the  perimeter  of  the  blisters  is  fringed  by 
cracks  which  most  probably  inhibit  lateral  propa¬ 
gation  of  the  blisters.  However,  in  cyclic  oxidation 
experiments,  the  cracks  often  lead  to  spalling  of  the 
buckled  regions  of  the  scale.  This  type  of  separation 
was  observed  after  oxidation  for  3-20  h  when  the 
oxide  is  still  relatively  thin,  typically  only  about 
0.2-0. 5  thick.  Interestingly,  for  thinner  scales, 
no  separation  was  observed  and  the  oxide  remained 
perfectly  adherent  after  isothermal  oxidation. 

The  second  type  of  debonding  is  shown  in  the 
sequence  of  optical  micrographs  in  Fig.  2.  These 
smaller  regions  are  also  visible  through  an  optical 
microscope  but,  importantly,  cannot  be  revealed  in 
SEM  images.  They  appear  after  oxidation  for  20- 
25  h  and  both  their  size  and  number  increase  after 
longer  oxidation  times.  Comparing  the  size  of 
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debonded  regions  with  the  wrinkling  wavelength 
measured  in  the  first  part  [1],  it  is  concluded  that 
each  corresponds  to  the  crest  of  the  wrinkles  in  the 
scale.  This  becomes  clear  after  prolonged  oxidation 
when  individual  wrinkles  can  be  resolved  by  optical 
microscopy.  For  instance,  after  400  h  oxidation  the 
scale  at  almost  every  crest  or  ridge  is  debonded 
after  cooling  to  room  temperature  [Fig.  2(c)], 

A  closer  examination  of  relatively  thick  scales 
after  200-400  h  oxidation  reveals  small  cracks 
(Fig.  3).  These  cracks  can  be  found  near  the  most 
pronounced  ridges  (but  never  at  the  valleys)  of  the 
scale.  Both  the  debonded  regions  and  the  cracks  do 
not  propagate  over  larger  areas,  at  least  after  iso¬ 
thermal  oxidation  and  air  cooling,  therefore  no 
spalling  occurs.  In  cyclic  tests,  however,  a  gradual 
accumulation  of  the  debonded  regions  results  in 
oxide  spalling. 

It  was  found  that  both  types  of  oxide  debonding 
are  greatly  affected  by  cooling  rate.  The  separations 
presented  in  Figs  1-3  were  observed  after  fast  air 
cooling  (about  50(TC/min).  With  decreasing  cooling 
rate,  the  number  of  debonded  areas  is  smaller,  for 
example  after  furnace  cooling  at  5-KTC/min. 
Conversely,  quenching  from  the  oxidation  tempera¬ 
ture  significantly  enhances  the  scale  debonding  and 
invariably  leads  to  local  spalling. 


Fig.  3.  SEM  micrographs  showing  the  presence  of  micro- 
cracks  in  thick  scales  after  oxidation  for  400  h  at  1000JC. 
The  crack  is  indicated  by  arrows  in  (a)  and  shown  at 
higher  magnification  at  the  crest  of  oxide  wrinkle  in  (b). 


The  observations  of  oxide  debonding  presented 
so  far  clearly  show  that  it  occurs  after  cooling  to 
room  temperature  whereas,  during  isothermal  ex¬ 
posure,  the  scale  remains  in  contact  with  the  metal. 
Cyclic  oxidation,  however,  leads  to  localized 
debonding  at  high  temperature.  This  process  causes 
the  formation  of  interfacial  cavities  which  appear  as 
smooth  craters  on  the  metal  surface.  A  typical 
structure  of  the  metal  surface  exposed  by  spalling 
of  the  scale  after  five  50  h  oxidation  cycles  (250  h 
total  exposure  at  1000'C)  is  shown  in  Fig.  4(a).  No 
such  cavities  were  observed  after  isothermal  oxi¬ 
dation.  For  instance,  the  SEM  micrograph  showing 
the  absence  of  cavities  on  the  metal  surface  after 
isothermal  oxidation  for  20  h  at  1200  C  is  presented 
in  Fig.  4(b).  The  oxide  adherence  after  isothermal 
oxidation  at  1000:C  was  strong  enough,  so  that 
only  small  areas  of  the  oxide  could  be  removed  to 
reveal  the  underlying  metal  surface.  Therefore,  for 
illustrative  purposes,  the  interfacial  structure  is 
shown  after  oxidation  at  1200’C,  when  the  scale 
spalled  almost  completely. 

3.2.  Residual  stress  in  the  oxide 

Measurements  of  the  residual  stress  in  the  oxide 
scale  at  room  temperature  after  isothermal  oxi¬ 
dation  at  100CFC  were  made  using  photostimulated 


Fig.  4.  The  microstructure  of  the  metal  surface  exposed  by 
spalling  of  the  scale:  (a)  after  five  50  h  oxidation  cycles  at 
1000°C  showing  interfacial  cavities  (smooth  craters)  and 
imprinted  contact  interface:  (b)  after  20  h  isothermal  oxi¬ 
dation  at  1200:C  showing  the  absence  of  cavities. 
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luminescence  spectroscopy  [2].  Two  types  of 
measurement  were  made:  one  with  a  probe  size 
comparable  to  the  oxide  wrinkling  wavelength  so  as 
to  obtain  the  spatial  average  of  the  residual  stress, 
and  the  other  with  a  much  smaller  probe  so  that 
the  local  residual  stress  could  be  determined.  No 
systematic  difference  between  the  average  residual 
stress  was  detected  after  isothermal  and  cyclic  oxi¬ 
dation  (tor  times  t  <  100  h)  of  the  same  cumulative 
exposure.  This  suggests  that  cooling  from  the  oxi¬ 
dation  temperature  does  not  lead  to  irreversible 
plastic  relaxation  in  the  scale.  With  increasing  time 
of  cyclic  oxidation,  however,  local  spalling  and 
cracking  of  the  scale  occurred,  therefore  the  results 
presented  in  the  following  paragraphs  refer  only  to 
isothermal  oxidation. 

Apart  from  significant  variations  at  short  oxi¬ 
dation  times  due  to  differences  in  crystallographic 
orientation  of  the  underlying  metal  grains  [I],  the 
value  of  the  spatial  average  of  the  residual  stress 
became  almost  constant  after  about  60  h  oxidation 
at  1000  C  [Fig.  5(a)].  By  this  time,  the  wrinkling 
wavelength  was  sufficiently  large,  so  that  the 
residual  stress  in  the  vicinity  of  the  ridges  and  the 
valleys  between  them  could  be  measured  with  a 
small  (  <  3  /jm)  optical  probe.  The  results  are  shown 
in  Fig.  5(a)  together  with  the  spatial  average  values. 
Here,  the  piezospectroscopic  frequency  shift  is 
presented  as  a  function  of  oxidation  time,  and  the 
second  >’-axis  indicates  the  stress  calculated  from 
the  frequency  shift  assuming  that  the  oxide  is  under 
biaxial  compression.  Note  that  these  stress  values 
are  not  directly  applicable  for  the  wrinkled  oxide, 
as  discussed  previously  [1,4],  and  can  only  be  used 
for  a  flat  oxide  layer.  For  comparison,  the  residual 
stress  in  the  flat  scale  formed  on  the  yttrium- 
containing  alloy  is  included  [5].  Two  luminescence 
spectra  in  Fig.  5(b)  illustrate  a  marked  difference 
between  the  ridge  and  valley  regions  of  the  scale 
after  oxidation  for  400  h.  Clearly,  the  frequency 
shift  is  much  smaller  on  the  oxide  ridges  and  larger 
at  the  valleys.  The  implications  of  these  results  with 
respect  to  the  local  stress  state  of  the  scale  will  be 
discussed  below. 

As  shown  in  Fig.  2(c)  (400  h  oxidation),  a  large 
proportion  of  the  scale,  namely  the  majority  of 
ridge  regions,  is  debonded  from  the  metal  surface 
after  cooling  to  room  temperature.  It  is,  therefore, 
natural  to  suppose  that  the  stress  in  the  oxide  near 
the  ridges  can,  at  least  partially,  be  relieved  as  a 
result  of  scale  separation  during  cooling.  After 
shorter  oxidation  time  [Fig.  2(b),  100  h],  some  oxide 
ridges  are  debonded,  however  there  are  many  others 
where  the  scale  apparently  remains  in  contact  with 
the  metal.  These  two  regions  were  analyzed  using  a 
small  probe  size  in  order  to  compare  the  frequency 
shifts  between  the  debonded  and  intact  ridges. 
Surprisingly,  no  systematic  difference  between  these 
two  has  been  detected  (Fig.  6).  In  other  words, 


Frequency  (cm'1] 


Fig.  5.  Piezospectroscopic  stress  measurements  of  the 
wrinkled  alumina  scales  after  isothermal  oxidation  at 
100(TC:  (a)  piezospectroscopic  frequency  shift  from  ridges 
and  valleys  of  the  wrinkles,  measured  with  a  small  probe 
size  (solid  symbols),  and  spatially  averaged  values, 
measured  with  a  large  probe  size  (open  circles)  as  a  func¬ 
tion  of  oxidation  time  (the  frequency  shift  obtained  on  the 
yttrium-containing  alloy  [5]  is  shown  for  comparison);  (b) 
example  of  luminescence  spectra  recorded  from  the  ridges 
and  valleys  after  oxidation  for  400  h  (dotted  line  indicates 
the  frequency  of  R2-line  for  the  stress-free  alumina  scale). 

scale  debonding  along  the  ridges  does  not  produce 
significant  stress  relaxation  in  the  oxide. 

When  the  cracked  regions  of  the  scale  were  exam¬ 
ined,  the  resulting  luminescence  peaks  were  gener¬ 
ally  found  to  be  highly  non-symmetrical  indicating 
a  large  variation  in  stress  within  the  probed 
volume  [6].  In  addition,  the  piezospectroscopic 
measurements  from  such  places  usually  gave  signifi¬ 
cantly  smaller  (sometimes  nearly  zero)  frequency 
shifts,  as  shown  in  Fig.  6.  In  fact,  the  large  differ¬ 
ence  in  the  shifts  between  cracked  and  intact 
regions  of  the  scale  makes  it  possible  to  ascertain 
which  regions  of  the  scale  contain  cracks  and  which 
remain  intact.  The  frequency  shift  obtained  from 
large  blisters  is  almost  always  very  close  to  zero 
presumably  because  of  the  cracks  at  their  perimeter. 

4.  DISCUSSION 

The  microstructural  observations  described  indi¬ 
cate  that  two  quite  distinct  modes  of  oxide-metal 
separation  can  occur  during  cooling  of  wrinkled 
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Measurement  Number 

Fig.  6.  Results  of  a  series  of  measurements  of  the  wrink¬ 
ling  scale  after  100  h  oxidation.  The  difference  in  optical 
reflectivity  allows  the  debonded  and  the  regions  in  contact 
regions  with  the  scale  to  be  distinguished  in  the  course  of 
piezospectroscopic  measurements.  Both  the  debonded  and 
contact  ridges  show  similar  frequency  shifts.  The  dashed 
area  indicates  a  typical  range  of  measured  shifts  from  the 
cracked  oxide. 

alumina  scales.  One  is  a  form  of  buckling  in  which 
a  large  area,  of  dimensions  much  larger  than  the 
oxide  thickness,  of  the  scale  separates  from  the 
underlying  metal  (Fig.  1).  This  form  of  failure  is  ac¬ 
companied  by  distinct  cracks  through  the  oxide  at 
the  periphery  of  the  buckle,  a  displacement  away 
from  the  metal  surface  and  a  relaxation  of  the  re¬ 
sidual  stress  in  the  oxide  in  the  buckled  region.  The 
observations  show  that  it  occurs  occasionally  and  at 
random  locations  on  the  metal  surface  after  short 
isothermal  oxidation  times,  when  the  scale  is  rela¬ 
tively  thin.  The  reason  for  this  buckling  is  not 
known  but  it  is  assumed  to  be  due  to  the  presence 
of  localized  patches  of  (unidentified)  impurities  that 
significantly  decrease  the  local  interfacial  fracture 
resistance.  The  size  of  these  blistered  regions  is  con¬ 
sistent  with  that  calculated  from  the  usual  mech¬ 
anics  criteria  [7-9]  for  buckling  of  a  compressively 
stressed  thin  film,  namely  that  the  buckle  diameter, 
aCi  is  given  by 


and  the  elastic  strain  energy  relieved  exceeds  the 
interface  fracture  resistance.  In  this  equation,  g  is  a 
geometric  parameter  (gzs  2.2  for  an  axisymmetric 
buckle),  h  the  scale  thickness,  E  the  oxide  elastic 
modulus,  and  crc  the  biaxial  compressive  stress. 
Substituting  in  appropriate  values  (/z^  0.5 /mi, 
crc  ~  3  GPa  and  E  400  GPa),  the  predicted  buckle 
size  is  about  12  /an,  a  value  similar  to  that  seen  in 
Fig.  1. 

The  second  type  of  separation  is  directly  related 
to  the  wrinkling  morphology,  occurring  primarily 
along  the  crests  of  the  wrinkles  with  equal  prob¬ 
ability  all  over  the  metal  surface  (Fig.  2).  It  is  the 


Fig.  7.  Schematic  diagram  illustrating  the  state  of  residual 
stress  in  a  wrinkled  oxide  scale:  (a)  oxide  remains  in  con¬ 
tact  with  the  metal  surface.  For  comparison,  the  approxi¬ 
mate  size  of  the  probed  volume  used  to  measure  the 
stresses  in  the  ridge  and  valley  is  also  shown;  (b)  interface 
separation  (debonding)  at  the  wrinkling  ridge  as  a  result 
of  tensile  stresses  normal  to  the  interface;  the  oxide 
remains  in  contact  at  surrounding  valleys  where  the  stress 
across  the  interface  is  compressive. 

most  common  form  of  oxide  separation  after  iso¬ 
thermal  oxidation  at  1000°C  for  25-400  h  in  the  ex¬ 
periments  but,  importantly,  it  does  not  cause 
spalling  of  the  scale.  There  appears  to  be  almost  no 
accompanying  stress  relaxation  in  the  oxide  unless 
cracking  of  the  scale  also  occurs. 

Debonding  of  the  scale  at  the  crests  and  ridges 
is  attributed  to  the  existence  of  local  tensile 
stresses  across  the  oxide-metal  interface  created 
from  the  thermal  mismatch  stress  in  the  scale  as  a 
result  of  the  wrinkling  geometry.  Both  analytical 
solutions  [4,9]  and  finite  element  calculations  [4, 10] 
show  that  cooling  of  the  wrinkled  scale  produces 
regions  of  tensile  stress  across  the  interface  at  the 
ridges  and  corresponding  compressive  stress  in  the 
valley  regions.  (For  all  but  the  most  convoluted 
scales,  the  finite  element  results  for  the  tensile  stress 
across  the  interface  can  be  represented  with  con¬ 
siderable  accuracy  by  using  a  soap-film  analogy  in 
which  the  normal  stress  is  given  by  the  Laplace 
equation,  namely  the  biaxial  stress  divided  by  the 
local  curvature  [4].)  The  results  (Figs  5  and  6)  con¬ 
firm  this  conclusion  since  the  piezospectroscopic  fre¬ 
quency  shift  is  much  higher  at  the  valleys  than  at 
the  ridges.  A  schematic  illustration  of  the  oxide 
wrinkling  morphology  is  shown  in  Fig.  7(a).  The 
stress  component  normal  to  the  interface  varies 
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from  a  maximum  tensile  value  to  zero  in  the  ridge 
region  and  from  a  maximum  compressive  value  to 
zero  in  the  valley  region  [4,9,10].  For  the  small 
volumes  of  the  oxide  analyzed  by  the  optical  probe, 
these  normal  stresses  contribute  with  opposite  sign 
to  the  piezospectroscopic  shift,  therefore  causing 
the  frequency  shift  from  the  ridge  to  be  smaller 
than  the  spatial  average  and  that  from  the  valley  to 
be  larger.  The  maximum  magnitude  of  the  normal 
stress  at  the  interlace  is  in  the  range  (0. 1-0.4)<rflat  [4], 
where  crtlat  is  the  residual  biaxial  compression  of  the 
flat  oxide  layer.  A  typical  value  for  <7,lat  caused  by 
thermal  expansion  mismatch  is  about  3. 0-3. 2  GPa. 
Thus,  the  magnitude  of  the  maximum  tensile  stress 
is  expected  to  be  0.3-1. 3  GPa  depending  on  the 
geometry  of  the  oxide  wrinkles.  It  is  argued  in  the 
following  paragraphs  that  the  existence  of  spatially 
varying  tensile  and  compressive  stresses  across  the 
oxide-metal  interface  has  two  consequences  that 
are  consistent  with  observations  associated  with  the 
second  type  of  detachment:  the  interface  separation 
along  the  ridges  with  no  stress  relaxation  and  the 
observed  size  of  the  detached  regions. 

The  piezospectroscopic  measurements  of  the  scale 
around  the  wrinkling  ridges  demonstrate  that  no 
systematic  difference  exists  between  the  areas  where 
oxide  is  detached  (without  cracking)  and  the  areas 
where  it  apparently  remains  in  contact  with  the 
metal  (Fig.  6).  This  means  that  separation  during 
cooling  does  not  lead  to  significant  stress  relaxation 
in  the  oxide  and  raises  the  question  of  why  the 
observed  separation  occurs.  To  answer  the  question, 
the  stresses  need  to  be  considered  not  only  in  the 
oxide  layer,  but  also  in  the  underlying  metal.  In 
contrast  to  the  stress  distribution  at  the  planar 
interface,  where  a  biaxial  uniform  tension  in  the 
metal  can  usually  be  ignored  (the  stress  in  the  metal 
is  very  small  if  the  oxide  is  much  thinner  than  the 
metal),  the  stresses  in  the  metal  beneath  the 
wrinkled  interface  are  inhomogeneous  and  may  be 
sufficiently  large  in  some  locations,  as  discussed 
above,  so  as  to  cause  metal  deformation.  If  the 
oxide  does  not  deform,  the  most  probable  result  of 
metal  deformation  is  debonding  at  the  interface. 
This  process  will  create  isolated  crescent-shaped 
separations  at  the  concave  regions  of  the  interface 
during  cooling  [Fig.  7(b)].  So,  unlike  buckling 
(Fig.  1)  where  the  oxide  layer  bends  away  from  the 
metal  surface,  these  smaller  debonded  regions  are 
believed  to  be  due  to  the  deformation  (plastic,  elas¬ 
tic,  or  both)  of  the  underlying  metal. 

The  existence  of  a  tensile  stress  acting  normal  to 
the  oxide-metal  interface  is  commonly  considered 
to  be  an  essential  pre-requisite  for  oxide  separation 
and  spalling.  However,  the  separation  observed  in 
the  ridge  areas  does  not  lead  to  spalling  of  the 
scale,  at  least  within  the  oxidation  times  studied 
(400  h  at  1000°C).  The  reason  is,  probably,  that 
each  crest  or  ridge  of  the  scale  is  surrounded  by 
regions  where  the  stress  across  the  interface  is  com¬ 


pressive.  Thus,  the  size  of  the  detached  regions  is 
expected  to  be  related  to  the  size  of  the  regions 
over  which  tensile  stresses  are  created,  i.e.  about 
half  of  the  wrinkling  wavelength.  In  fact,  consider¬ 
ation  of  the  energy  associated  with  the  separation 
suggests  that,  as  with  other  fracture  phenomena, 
there  will  be  a  critical  size  below  which  separation 
cannot  occur  whereas  above  which  it  will  occur. 
The  existence  of  a  critical  size  is  consistent  with  two 
of  the  observations  mentioned  above.  Firstly,  that 
separations  at  the  ridges  only  occur  after  some  in¬ 
termediate  oxidation  time,  20-25  h  at  1000  C,  and 
secondly,  that  the  separations  “pop-in”  on  cooling. 
As  shown  in  the  quantitative  morphological  investi¬ 
gations  described  in  part  I  [1],  both  the  wavelength 
and  amplitude  of  the  wrinkles  increase  with  oxi¬ 
dation  time,  so  the  critical  size  of  separation  corre¬ 
sponds  to  approximately  half  of  the  wrinkling 
wavelength  after  20-25  h,  i.e.  about  3.5  /tm.  The  ob¬ 
servation  of  separation  k‘pop-in”— the  sudden 
growth  to  a  stable  size — is  characteristic  of  crack¬ 
like  growth  in  a  spatially  varying  stress  field  and 
then  arrest  when  the  strain  energy  release  rate  falls 
below  the  interfacial  fracture  resistance. 

Provided  that  the  size  of  separated  regions  is  less 
than  the  critical  -buckling  size,  the  scale  cannot 
buckle.  Following  these  arguments,  the  extensive 
spalling  of  the  scale  after  oxidation  at  1200"C  may 
simply  be  related  to  a  substantially  larger  wrinkling 
wavelength,  as  shown  in  Fig.  4(b).  Certainly,  with 
increasing  oxidation  temperature,  the  thermal  mis¬ 
match  strain  increases,  and  so  the  elastic  strain 
energy,  available  for  decohesion,  is  greater  in  the 
thicker  scales  formed  at  the  higher  temperatures. 
Both  factors  lead  to  propagation  of  the  detached 
regions  beyond  a  single  ridge  of  the  interface  and 
cause  spalling  of  large  areas  of  the  scale.  The  pro¬ 
gressive  increase  in  size  of  the  separated  regions 
along  the  ridges  with  time  of  isothermal  oxidation 
at  1000°C  is  associated  with  the  coarsening  of  the 
wrinkling  morphology,  specifically  the  growth  of 
the  larger  wavelength  undulations  at  the  expense  of 
the  shorter  wavelength  undulations  [11].  The  obser¬ 
vation  that  not  all  the  interfaces  along  the  ridges 
are  separated  [for  example,  after  100  h  in  Fig.  2(b)] 
further  suggests  that  it  is  primarily  the  larger  sized 
ridges  that  separate.  Furthermore,  spalling  of  the 
scale  after  oxidation  at  higher  temperatures 
[Fig.  4(b)]  is  probably  best  described  in  terms  of 
percolation  of  separated  regions.  It  is  expected  that 
once  the  connected  regions  of  separation  reach  the 
critical  buckle  size,  buckling  and  spalling  spon¬ 
taneously  occur. 

Cracking  of  the  oxide  takes  place  at,  or  near,  the 
ridges  in  the  wrinkling  scale  after  prolonged  isother¬ 
mal  oxidation,  for  instance  200-400  h  at  1000°C 
(Fig.  3).  It  is  believed  to  be  associated  with  the 
development  of  tangential  tensile  stresses  at  the 
outer  surface  of  debonded  oxide  once  a  critical 
thickness  of  the  scale  is  reached.  Cracking  leads  to 
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stress  relaxation  in  the  adjacent  area  of  the  oxide 
(as  confirmed  by  piezospectroscopic  measurements), 
including  the  normal  tensile  component.  No  crack¬ 
ing  was  observed  in  the  adjoining  valleys  where  the 
oxide  remains  under  compression.  Cracking  is  also 
observed  at  the  periphery  of  the  buckled  regions  in 
thin  scales  (Fig.  1),  presumably  in  response  to  the 
large  deformations  associated  with  the  buckling 
event. 

The  existence  of  debonded  regions  of  the  scale 
after  cooling  to  room  temperature  raises  the  ques¬ 
tion  as  to  what  happens  with  such  regions  during 
cyclic  oxidation.  Obviously,  if  oxide  detachment  is 
accompanied  by  cracking,  then  oxygen  can  pene¬ 
trate  into  the  gap  between  the  scale  and  the  metal 
and  form  a  secondary  oxide  layer  during  sub¬ 
sequent  oxidation  cycles.  This  process  was,  in  fact, 
observed  in  the  case  of  the  large  blisters  shown  in 
Fig.  1  in  the  course  of  5  or  10  h  oxidation  cycles. 
However,  the  smaller  debonded  regions  (Fig.  2)  are 
usually  not  cracked.  It  can  be  expected,  therefore, 
that  the  separation  between  the  scale  and  the  metal 


will  close  during  subsequent  heating  and  the  oxide- 
metal  contact  will  be  restored  at  temperature  until 
the  next  cooling.  The  major  requirement  for  such  a 
repeated  debonding-bonding  process,  besides  the 
absence  of  cracks,  is  a  purely  elastic  behavior  of 
both  the  metal  and  oxide  during  temperature 
change.  If  decohesion  occurs  without  plastic  defor¬ 
mation  in  both  phases,  the  oxide  inner  surface  and 
metal  surface  should  perfectly  match  each  other 
after  next  heating  to  oxidation  temperature.  This 
possibility  is  schematically  shown  in  Fig.  8  (route 

I). 

Although  it  is  difficult  to  prove  experimentally,  it 
is  supposed  that  repeated  debonding-bonding  may 
indeed  occur  in  some  cases,  i.e.  the  changes  of  the 
oxide  and  metal  surface  configuration  within  the 
debonded  region  can  be  completely  reversible. 
There  are,  however,  at  least  two  factors  which  com¬ 
plicate  this  simple  conclusion.  First,  as  mentioned 
previously,  metal  plastic  deformation  may  in  fact 
occur  during  cooling,  especially,  at  the  perimeter  of 
the  debonded  region,  where  the  shear  stresses  are 
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Fig.  8.  Schematic  diagram  illustrating  three  different  routes  of  oxide  debonding  and  failure  during  cyclic 

oxidation. 
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highest  and  where  significant  stress  gradients 
develop  between  separated  and  contact  areas.  This 
is  illustrated  in  Fig.  8  (route  II).  Any  plastic  defor¬ 
mation  of  the  metal  surface  would  lead  to  a  geo¬ 
metrical  mismatch  with  the  oxide  inner  surface 
during  subsequent  heating.  Second  is  a  complex 
morphology  of  the  oxide -metal  interface  itself.  The 
interface  is  formed  by  facets  of  alumina  grains  of 
various  orientations  and  their  replicas  on  the  metal 
surface.  Simple  geometric  considerations  imply  that 
it  is  unlikely  to  restore  intimate  contact  after  separ¬ 
ation  over  the  whole  interface.  For  both  reasons, 
many  debonded  regions  remain  after  next  heating. 
During  subsequent  oxidation  exposure,  these 
regions  transform  into  normal  interfacial  cavities 
with  smooth  surface  at  the  metal  side  in  order  to 
minimize  surface  energy  [Fig.  4(a)].  That  is  prob¬ 
ably  the  reason  why  cavities  can  be  observed  after 
cyclic  oxidation  but  not  after  isothermal  oxidation 
of  the  same  total  exposure.  Certainly,  if  separation 
after  cooling  is  followed  by  oxide  cracking,  a  simi¬ 
lar  geometrical  mismatch  at  the  interface  would  pre¬ 
vent  contact  from  being  restored  (route  III  in 
Fig.  8). 

In  these  examples  of  oxide  detachment,  spalling 
was  not  specifically  considered  since  it  did  not 
occur  after  isothermal  oxidation  at  1000'C. 
However,  spontaneous  spalling  with  a  loss  of  a  sig¬ 
nificant  portion  of  the  scale  was  observed  in  the  ex¬ 
periments  under  cyclic  conditions.  During  cyclic 
oxidation,  accumulation  of  local  damage  in  the 
scale  (through-cracks,  debonded  regions  around 
ridges)  and  formation  of  interfacial  cavities  (as 
described  above)  result  in  the  development  of  large 
debonded  areas  which  eventually  separate  from  the 
metal  after  a  number  of  cycles. 

5.  CONCLUSIONS 

Two  distinct  forms  of  detachment  of  the  alumina 
scale  from  the  underlying  Fe-Cr-Al  alloy  occur 
after  isothermal  oxidation  at  1000:C  and  cooling  to 
room  temperature.  One  is  a  conventional  form  of 
buckling  which  is  observed  in  the  case  of  relatively 


thin  scales  (0.2-0.5/<m)  and  may  be  attributed  to 
the  presence  of  localized  patches  of  impurities  at 
the  interface  that  form  a  critical  flaw  size  for  the 
onset  of  buckling.  The  other,  and  more  general,  is 
associated  with  the  ridges  in  the  wrinkling  mor¬ 
phology  and  resulting  local  tensile  stresses  across 
the  oxide-metal  interface.  The  size  and  the  number 
of  separated  regions  increase  with  oxidation  time  as 
the  wavelength  of  oxide  wrinkles  increases.  No  sig¬ 
nificant  stress  relaxation  in  the  oxide  is  associated 
with  this  form  of  oxide-metal  separation  and  so  it 
is  believed  to  be  attributed  to  the  underlying  metal 
contracting  away  from  the  oxide  on  cooling. 
Localized  separation  of  the  scale  after  isothermal 
oxidation  does  not  lead  to  spalling.  During  cyclic 
oxidation,  the  separated  regions  can  propagate  over 
larger  areas  of  the  interface  and  lead  to  failure  of 
the  scale  by  complete  detachment  from  the  metal 
surface. 
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Abstract 

„  c  Processes  leading  up  to  decohesion  and  spalling  of  the  a-Al203  scale  formed  on 
a  Fe-Cr-Al  alloy  at  1000  C  have  been  investigated  by  combining  optical  microscopy 
observations  with  local  stress  measurements  made  using  photostimulated  luminescence 
spectroscopy.  Scale  decohesion,  on  cooling,  is  apparent  from  changes  in  the  optical 
reflectivity  from  the  alloy  surface.  The  regions  of  scale  decohesion  are  found  to  be 
associated  with  the  crests  of  the  wrinkled  morphology  of  the  oxide  layer.  The  localized 
decohesion  is  accompanied  by  partial  stress  relaxation  in  the  oxide  and  is  attributed  to 
separation  of  the  metal  from  the  oxide.  As  the  wavelength  of  the  oxide  wrinkles  increases 
with  oxidation  time,  the  size  of  the  regions,  separated  as  a  result  of  cooling,  also  increases. 
This  increase  in  size  and  die  subsequent  linking  together  of  the  separated  regions  are 
proposed  to  be  the  mechanisms  by  which  the  localized  decohesion  evolves  until  reaching 
the  critical  size  for  spontaneous  buckling  and  spalling.  The  accompanying  changes  in  both 
optical  reflectivity  and  luminescence  intensity  may  provide  the  basis  for  a  non-destructive 
method  of  monitoring  damage  evolution. 


1.  INTRODUCTION 


Decohesion  and  spalling  of  protective  oxide  scales  are  the  two  processes  that  limit 
the  operating  time  and  temperature  that  an  alloy  can  be  used  in  an  oxidizing  atmosphere. 
Whilst  it  is  known  that  spalling  tends  to  occur  on  cooling,  rather  than  at  the  oxidation 
temperature,  very  little  is  known  about  the  microscopic  processes  that  lead  to  spalling. 

The  primary  reason  of  scale  decohesion  and  spalling  is  the  build  up  of  residual 
compressive  stress  in  the  oxide  during  cooling  caused  by  the  difference  in  thermal 
expansion  between  the  alloy  and  the  oxide.  (Any  growth  stresses  in  the  scale  simply 
augment  the  thermal  mismatch  stress.)  Some  insight  into  the  possible  processes  leading  up 
to  spalling  comes  from  the  fracture  mechanics  of  thin  films  under  compression.  If  the 
oxide-metal  interface  is  flat,  no  forces  act  perpendicular  to  the  interface  and  so  the  scale 
decohesion  can  only  occur  by  elastic  buckling  away  from  the  alloy  surface  followed  by 
cracking  and  spalling.  However,  when  the  oxide-metal  interface  is  rough,  the  biaxial 
compressive  stress  in  the  scale  is  geometrically  transformed,  so  that  local  tension  across  the 
interface  is  created  at  the  peaks  and  corresponding  local  compression  at  the  valleys  (1). 


Rigorous  fracture  mechanics  analyses  provide  a  means  of  quantifying  these  two 
cases.  For  instance,  for  compressively  stressed  films  on  a  flat  surface,  buckling  can  only 
occur  when  a  critically  sized  flaw  first  exists  at  the  interface  between  the  substrate  (the 
alloy)  and  the  film,  and  its  radius,  rc,  is  given  by  the  relation  (2) 

rc  ~  1-1  ■  hox( E0X/gb)U2  [1] 

where  hox  is  the  scale  thickness,  Eox  is  the  Young’s  modulus  of  the  oxide,  and  aB  is  the 
biaxial  compressive  stress  in  the  oxide.  Taking  typical  values  for  the  residual  compressive 
stress  after  cooling,  aB  -  3.0  -  3.5  GPa,  the  size  of  the  flaw  is  about  20-25  times  the  scale 
thickness.  Pre-existing  flaws  of  such  a  size  are  rarely  seen  yet  the  scale  on  many  alloys 
spalls  very  easily.  This  then  raises  the  question  of  how,  and  by  which  process,  sufficiently 
large  flaws  can  be  generated  during  oxidation.  Similarly,  mechanics  analyses  of  the  effect 
of  surface  roughness  indicates  that  the  maximum  tensile  stress,  aN,  across  the  interface 
created  geometrically  by  a  convex  domed  surface  of  radius  of  curvature,  R,  is  given  by: 

[2] 

It  should  be  noted,  however,  that  the  existence  of  a  tensile  stress  across  the  interface  is  not 
a  sufficient  condition  for  failure  but  merely  a  necessary  one.  It  is,  therefore,  essential  for  a 
fracture  criterion  to  be  established  for  the  separation  along  a  curved  interface  subject  to 
these  tensile  stresses.  This  has  yet  to  be  done  but  nevertheless  it  is  physically  meaningful  to 
discuss  the  magnitudes  of  the  tensile  stresses  created  by  surface  curvatures.  It  is  also  clear 
that,  for  given  oxidation  conditions  (time  and  temperature),  the  magnitude  of  the  tensile 
stresses  across  the  interface  depends  on  its  roughness. 

Whilst  surface  roughness  can  be  intentionally  introduced  prior  to  oxidation  by  a 
number  of  means,  such  as  grit-blasting,  it  can  also  evolve  naturally  from  an  originally  flat 
alloy  surface  on  some  alloys  by  the  phenomenon  of  wrinkling.  In  this  process,  as  detailed 
and  quantified  elsewhere  (3),  the  wavelength  and  amplitude  of  alumina  scale  undulations 
on  the  Fe-Cr-Al  alloy  increase  with  oxidation  time.  As  a  result,  when  the  alloy  is  cooled  to 
room  temperature,  the  tensile  stress  created  across  the  oxide-metal  interface  should  also 
change  with  oxidation  time. 

It  is  well  known  that  wrinkled  alumina  scales  exhibit  quite  poor  spalling  resistance, 
in  particular,  in  the  course  of  cyclic  oxidation.  The  most  commonly  accepted  explanation  of 
this  behavior  is  the  harmful  effect  of  sulfur  segregation  to  the  oxide-metal  interface  (4). 
Nevertheless,  some  recent  experimental  observations  show  that,  even  if  sulfur  segregation 
is  eliminated  by  yttrium  doping,  roughening  of  the  alloy  surface  prior  to  oxidation  may 
have  an  adverse  effect  on  the  oxide  spalling  resistance  compared  to  a  flat  surface  (5).  Still, 
there  is  no  clear  evidence  that  oxide  wringing  causes  interface  decohesion,  a  pre-requisite 
for  buckling  to  occur. 

In  this  work,  our  objective  was  to  address  the  connection  between  wrinkling  and 
spalling  by  investigating  the  initial  stages  of  oxide  decohesion  using  both  optical 
microscopy  and  local  measurements  of  stress  in  the  alumina  scale.  The  latter  were  made 
using  photostimulated  luminescence  piezospectroscopy  (6).  The  Fe-Cr-Al  alloy  without  a 
reactive  element  addition  was  selected  for  investigation  since  its  thermally-grown  alumina 
scale  both  wrinkles  and  spalls  after  a  period  of  several  hundred  hours  at  1000°C. 


2.  EXPERIMENTAL 


Fe;.22-0%Cr  '  528%AI  (wt%>  vacuum-induction  melted  alloy 
was  studied.  TCie  conten  of  impunties  was  determined  to  be:  82  ppm  C;  49  ppm  S;  23  ppm 

P,  120  ppm  Si.  The  alloy  was  first  annealed  at  1100°C  and  then  cut  into  rectangular 
specimens.  The  specimens  were  mechanically  polished  to  a  1-um  surface  finish  and 
oxidized  in  air  at  1000  C.  The  heating  and  cooling  rate  was  about  500°/min.  In  the 
oxidation  conditions  used,  the  alloy  forms  alpha-alumina  scale  from  the  very  beginning  of 
oxidation  so  that  no  indications  of  transition  (metastable)  aluminas  or  other  oxides  were 
JgSK;  j  “‘AI2°3  sc,ale  was  analyzed  using  optical  and  scanning  electron  microscopy 
(SfcM),  and  the  residual  stress  in  the  oxide  was  measured  using  photostimulated  chromium 
luminescence  piezospectroscopy. 


The  experimental  configuration  used  in  making  the  piezospectroscopy 
measurements  enables  both  the  residual  stress  within  a  very  small  volume  of  the  scale,  with 
the  lateral  size  about  2-3  pm,  as  well  as  the  spatial  average  value  (by  defocusing  the 
objective  lens  or  by  moving  the  specimen  under  the  microscope  during  spectrum 
acquisition)  to  be  determined.  Therefore,  both  the  local  residual  stresses  and  the  average 
stress  for  the  whole  scale  were  measured.  Two  parameters  of  the  luminescence  spectra 
were  analyzed  m  detail:  the  piezospectroscopic  frequency  shift  of  the  ruby  R,  line  from  the 
compressed  oxide  relative  to  the  oxide  detached  from  the  same  specimen,  and  the  intensity 
of  the  luminescence  (counts  per  second)  normalized  for  different  measurements  using  a 
reference  ruby  crystal.  The  former  gives  a  direct  measure  of  the  hydrostatic  component  of 
the  stress  tensor  (6,7).  'Die  intensity  of  the  characteristic  spectrum,  being  proportional  to 
the  chromium  content  in  the  scale  and  the  probe  volume,  also  provides  additional 
information  as  will  be  shown  below. 


3.  RESULTS  AND  DISCUSSION 


3*1.  Oxide  Scale  Morphology 

The  a-Al2Oj  scale  formed  during  high-temperature  oxidation  of  the  Fe-Cr-Al  alloy 
exhibits  a  typical  convoluted  or  wrinkled  morphology  (Fig.  1).  Oxide  wrinkles  develop  in 
the  course  of  oxidation  as  a  result  of  plastic  deformation  of  the  scale.  The  presence  of 
alumina  grain  imprints  on  the  entire  metal  surface,  except  for  the  areas  around  alloy  grain 
boundaries,  indicates  that  the  scale  remains  in  contact  with  the  metal  during  oxidation. 
Recent  quantitative  measurements  of  the  wrinkling  morphology  show  that  it  evolves  with 
oxidation  time,  so  that  both  the  average  wavelength  and  amplitude  of  undulations  increase 
as  the  scale  becomes  thicker  (3).  In  order  to  maintain  contact  at  the  metal-oxide  interface, 
the  scale  wrinkling  is  accompanied  by  metal  deformation  in  the  vicinity  of  the  interface,  and 
the  configuration  of  the  metal  surface  is  generally  similar  to  the  outer  oxide  surface  (Fig. 


Very  rarely,  interfacial  cavities  were  observed.  They  were  usually  seen  as  smooth 
shallow  craters  on  the  metal  surface  after  removing  the  oxide,  indicating  locations  where 
the  scale  had  separated  during  its  growth.  The  occurrence  of  these  interfacial  cavities  was 
invariably  associated  with  various  defects  on  the  metal  surface  such  as  polishing  scratches, 
non-metallic  inclusions,  contaminants,  as  well  as  the  alloy  grain  boundaries  (8).  As 


thorough  polishing  and  cleaning  the  alloy  surface  before  oxidation  almost  eliminates 
interfacial  cavities,  this  form  of  scale  decohesion  and  its  influence  on  spalling  resistance  can 
be  ignored.  Thus,  in  the  following,  we  consider  the  behavior  of  the  oxide  which  is  attached 
to  the  metal  during  oxidation. 


3,2,  Observations  of  Scale  Separation 


The  wrinkled  scale  generally  exhibits  good  spalling  resistance  after  isothermal 
oxidation  at  1000°C  and  cooling  to  room  temperature.  Apart  from  at  the  edges  of  the 
specimens,  no  visible  spalling  occurs  even  at  very  high  cooling  rates  (up  to  1000°/min). 
However,  observations  using  a  conventional  optical  microscope  reveal  that  the  oxide  does 
not  remain  in  contact  with  the  metal  everywhere  over  the  specimen  surface.  Fig.  2  shows  a 
series  of  optical  micrographs  of  the  Fe-Cr-Al  alloy  after  isothermal  oxidation  for  30,  100, 
and  400  hr.  The  dark-gray  area  corresponds  to  the  alumina  scale  attached  to  the  metal, 
whereas  the  brighter  regions  indicate  places  where  the  scale  is  separated  (but  not  spalled) 
from  the  metal  surface. 

Provided  that  the  oxide  thickness  on  a  given  specimen  is  uniform,  as  confirmed  by 
direct  SEM  observations,  the  higher  reflectivity  of  certain  regions  clearly  indicates  regions 
of  scale  decohesion.  The  optical  contrast  between  adherent  and  separated  oxide  is  due  to  the 
fact  that  the  difference  in  index  of  refraction  of  the  metal-gas  interface  is  higher  than  that  of 
the  metal-oxide  interface  (Fig.  3).  Since  most  of  the  reflection  of  incident  light  comes  from 
the  metal  (the  thin  oxide  layer  is  essentially  transparent),  the  metal  surface  appears  brighter 
under  debonded  oxide  then  when  in  contact  with  the  oxide.  .Spallation  of  the  scale, 
exposing  a  bare  metal  surface,  produces  even  more  distinct  optical  contrast  and  can  easily 
be  detected  and  distinguished  from  the  oxide-metal  separation  which  takes  place  without 
spalling. 

A  few  other  observations  confirm  that  the  separated  regions  of  the  scale  form 
during  cooling  from  the  oxidation  temperature.  Firstly,  their  appearance  can  be  observed 
through  an  optical  microscope  within  minutes  after  removing  a  specimen  from  the  furnace 
as  the  specimen  is  still  cooling.  The  number  of  separated  regions  is  smaller  after  slow 
cooling,  whereas  increasing  the  cooling  rate  results  in  scale  separation  in  more  places. 
Finally,  removing  the  scale,  for  instance,  by  bending  the  oxidized  specimen,  reveals  an 
imprinted  alloy  surface,  which  indicates  oxide-metal  contact  during  oxidation.  (The 
presence  of  large  interfacial  cavities  under  the  scale  would  give  rise  to  similar  optical 
contrast  as  the  cooling-induced  separation). 

The  localized  separated  regions  of  about  5-10  pm  in  size  appear  after  oxidation  for 
20-25  hours  when  the  scale  thickness  is  about  0.5  pm.  After  longer  oxidation  times,  their 
size  and  number  increase  (Fig.  2).  Since  the  average  wrinkling  wavelength,  measured 
previously  on  a  similar  Fe-Cr-Al  alloy  (3),  correlates  well  with  the  size  of  separated 
regions,  it  is  reasonable  to  assume  that  each  region  corresponds  to  the  crest  or  ridge  of  the 
wrinkles.  Indeed,  after  prolonged  oxidation  when  individual  wrinkles  can  be  resolved  by 
optical  microscopy,  it  becomes  clear  that  almost  every  crest  of  the  scale  is  separated  after 
cooling  (Fig.  2c).  A  substantial  enhancement  of  the  scale  separation  with  oxidation  time 
suggests  that  the  process  is  largely  determined  by  geometrical  parameters  of  the  scale, 
namely,  the  oxide  thickness,  wavelength  and  amplitude  of  scale  undulations  (Fig.  4).  It  is 
notable  that  no  localized  separation  of  this  type  is  observed  for  very  thin  alumina  scales 


after  short  oxidation  times  (h0<  <  0.5  4m),  although  wrinkling  occurs  from  the  very 
beginning  of  oxidation  (3).  A  notably  smaller  number  of  the  separated  regions  after  slower 
cooling  indicates  that  plastic  deformation  in  the  metal  (and,  perhaps,  in  the  oxide)  can 
provide  an  alternative  mode  of  stress  relaxation. 

Both  theoretical  considerations  (1,9)  as  well  as  finite  element  calculations  (5,9-1 1) 
show  that  the  wavy  configuration  of  the  oxide-metal  interface  creates  out-of-plane  stress 
component  as  a  result  of  thermal  expansion  mismatch  during  cooling.  The  stress  across  the 
interface  is  tensile  at  the  concave  regions  and  compressive  at  the  convex  regions.  The 
existence  of  tensile  stresses  acting  normal  to  the  oxide-metal  interface  is  usually  considered 
to  be  essential  pre-requisite  for  oxide  separation  and  spalling.  However  our  experimental 
results  show  that,  at  least  over  the  range  of  oxidation  times  studied,  the  separation  in  the 
ridge  areas  during  cooling  does  not  lead  to  spalling,  so  that  these  areas  remain  isolated.  The 
reason  is,  probably,  that  each  convex  region  of  the  scale  is  surrounded  by  regions  where 
the  stress  across  the  interface  is  compressive.  Thus,  the  normal  tensile  stresses  initiate  the 
scale  separation  in  the  ridge  areas  and  the  normal  compressive  stresses  in  the  valley  areas 
prevent  lateral  propagation  of  interfacial  cracks. 

The  size  of  the  separated  regions  is  expected  to  be  related  to  the  size  of  the  regions 
oyer  which  tensile  stresses  are  created,  i.e.  about  a  half  of  the  wrinkling  wavelength.  For 
this  reason,  the  regions  of  cooling-induced  separation  become  larger  after  longer  oxidation 
times  (Fig.  2)  as  the  wavelength  increases.  Additionally,  because  of  the  irregular  shape  of 
oxide  ridges,  some  of  the  adjacent  separated  regions  may  link  together,  as  shown  in  Fig. 
2c,  creating  much  larger  areas  of  decohesion.  After  oxidation  at  higher  temperatures  or  for 
much  longer  times,  these  areas  may  well  become  sufficiently  large  to  cause  extensive 
spalling  of  the  scale,  which  indeed  was  usually  observed  after  oxidation  at  1200°C. 

The  second  type  of  oxide  decohesion,  quite  different  from  the  described  above,  was 
observed  after  relatively  short  oxidation  times  (less  then  25  hr  at  1000°C)  when  the  oxide 
thickness  was  about  0.2-0.5  jim.  In  this  case,  separation  occurs  in  the  form  of  large  blisters 
shown  in  Fig.  5.  These  are  dome-shaped  regions  of  the  scale,  20-40  pm  in  diameter, 
elevated  up  to  a  few  micrometers  above  the  metal  surface  and  fringed  by  cracks  over  the 
perimeter.  The  blisters  can  easily  be  detected  by  both  optical  (Fig.  5a)  and  scanning 
electron  microscopy  (Fig.  5b).  Another  distinguishing  feature  is  that  the  area  of  a  single 
blister  covers  a  number  of  oxide  wrinkles.  Since  die  metal  surface  under  the  blisters 
replicates  the  wrinkles  and  grain  structure  of  the  scale  (Fig.  5d),  oxide  separation  also  takes 
place  on  cooling.  This  second  type  of  decohesion  can  be  described  as  “normal”  buckling 
mechanism  of  thin  compressed  films. 

The  origin  of  this  type  of  scale  separation  remains  unclear.  It  is  not  common  for  all 
specimens  studied  (it  may  happen  on  some  specimens  but  not  on  the  others),  so  it  is 
probably  caused  by  localized  patches  of  unidentified  impurities  or  contaminants  on  the  alloy 
surface,  which  form  a  critical  flaw  size  for  the  onset  of  buckling. 


3JL_Residual  Stress  in  the  Scale 


The  frequency  shift  of  the  Cr3*  luminescence  measured  on  the  scales  after  different 
oxidation  times  is  presented  in  Fig.  6.  The  residual  stress  in  the  scale,  o,  was  calculated 
from  the  frequency  shift,  Av,  assuming  that  the  oxide  is  under  biaxial  compression  (7): 


4v  =  |n„('cr; 


Pi 


where  nu  =  7.61  cm'lGPal.  Since  the  scale  on  the  Fe-Cr-Al  alloy  is  wrinkled,  this 
expression  for  the  biaxial  stress  can  only  be  used  as  an  estimate.  The  reason  is  that  the 
stress  component  normal  to  the  interface  is  not  zero  for  a  wrinkled  scale  and,  in  each  given 
place,  its  value  depends  on  the  local  configuration  of  the  oxide.  By  measuring  the  spatial 
average  of  the  frequency  shift,  the  contribution  of  the  normal  stress  component  can  be 
minimized,  since  the  algebraic  sum  of  all  stresses  acting  normal  to  the  specimen  surface 
should  be  zero.  More  detailed  approach  relating  the  residual  stress  in  oxide  scale  to  the 
piezospectroscopic  frequency  shift  has  recently  been  presented  (10). 

Apart  from  significant  variations  at  short  oxidation  times  (3),  the  value  of  the  spatial 
average  of  the  residual  stress  appears  to  be  almost  constant  after  isothermal  oxidation  at 
lOOCrC  (Fig.  6).  These  average  values  were  measured  using  a  large  probe  size  (about  15 
(im)  at  20-25  different  locations  over  the  surface  of  each  specimen  after  isothermal 
oxidation.  For  comparison,  the  residual  stress  in  the  flat  scale  formed  on  the  Fe-Cr-Al-Y 
alloy  from  ref.(12)  is  included.  The  fact  that  the  average  residual  stress  in  the  wrinkled 
scale  neither  increases  nor  decreases  with  oxidation  time  suggests  that  the  progressive 
increase  in  area  of  separation  of  thicker  scales  on  cooling  is  not  related  to  a  higher  average 
value  of  the  residual  stress. 

The  solid  data  points  in  Fig.  6  correspond  to  the  frequency  shifts  measured 
separately  in  the  vicinity  of  the  oxide  ridges  and  valleys  using  the  2-3  pm  probe  size. 
Clearly,  the  shift  (and  the  corresponding  residual  stress)  is  much  higher  than  the  average  in 
the  valley  regions  and  lower  around  the  ridges.  The  wavy  morphology  of  the  scale  and 
oxide-metal  interface  dictates  that  the  stress  component  normal  to  the  interface  varies  from  a 
maximum  tensile  value  to  zero  in  the  ridge  region  and  from  a  maximum  compressive  value 
to  zero  in  the  valley  region  (1,10).  For  the  small  volumes  of  the  oxide  analyzed  by  the 
optical  probe,  these  normal  stresses  contribute  with  opposite  sign  to  the  piezospectroscopic 
shift. 


Two  luminescence  spectra  in  Fig.  7  illustrate  the  difference  between  ridges  and 
valleys:  the  average  shift  of  the  Rj  ruby  line  from  the  valleys  is  about  6-7  cm'1  higher.  To  a 
first  approximation,  assuming  that  the  in-plane  stress  component  does  not  vary  much  over 
the  scale  surface,  this  gives  about  1.2- 1.4  GPa  difference  between  the  normal  tensile  stress 
at  the  ridges  and  the  normal  compressive  stress  at  the  valleys.  This  value  is  in  a  good 
agreement  with  the  results  of  finite  element  calculations  (10)  showing  the  maximum  normal 
stress  at  the  interface  in  the  range  (0.1-0.3)crs,  where  <r.  is  the  biaxial  compression  of  the 
flat  oxide  layer.  A  typical  value  for  cB  caused  by  thermal  expansion  is  about  3.0-3. 2  GPa. 
Thus,  the  maximum  normal  stress  is  expected  to  be  in  the  range  0.3- 1.0  GPa,  and  the 
difference  between  maximum  tensile  and  maximum  compressive  stresses  should  be  two 
times  larger,  0.6-2.0  GPa  depending  on  the  geometry  of  the  oxide  wrinkles.  No  systematic 
variation  of  this  value  with  oxidation  time  is  observed  experimentally,  although  the 
geometrical  parameters  of  the  scale  continue  to  change.  From  the  equation  [2]  it  follows 
that,  for  the  time-independent  in-plane  stress  tra,  the  constant  value  of  oH  is  expected  when 
both  the  oxide  thickness,  hox,  and  the  radius  of  interface  curvature,  R,  similarly  increase 
with  oxidation  time.  If,  however,  the  oxide  growth  rate  is  higher,  then  the  stress  across  the 
interface  after  cooling  will  increase  as  the  scale  becomes  thicker. 


An  additional  set  of  measurements  was  performed  in  order  to  detect  whether  there 
was  a  difference  between  the  oxide  ridges  which  had  separated  from  the  metal  after  cooling 
and  those  remaining  m  contact.  After  oxidation  for  100-200  hours,  both  in-contact  and 
separated  ndges  can  be  distinguished  in  the  microscope  and  their  luminescence  spectra  can 
be  consecutively  measured  on  the  same  specimen  using  a  small  probe  size.  The  results  are 
shown  in  Fig.  8,  where  the  frequency  shifts  and  luminescence  intensities  are  compared  A 
large  scatter  of  the  data  is  most  probably  related  to  different  geometry  of  each  individual 
ridge.  Nevertheless,  it  can  be  concluded  that  the  separated  ridges  have,  on  the  average 
somewhat  smaller  frequency  shift  than  the  ridges  still  in  contact  with  the  metal.  This  small,’ 
yet  significant,  difference  (about  1.8  cm'1  corresponding  to  a  stress  of  about  350  MPa) 
indicates  that  partial  stress  relaxation  in  the  oxide  occurred  as  a  result  of  separation. 
Contrary  to  what  might  be  expected,  however,  separation  apparently  does  not  lead  to  a 
complete  stress  relaxation  in  the  oxide,  as  these  regions  remain  under  residual  compression 
of  about  2  GPa  (Fig.  8a).  This  result  further  supports  the  suggestion  that  local  scale 
separation  at  the  crests  of  wrinkles  is  not  a  form  of  buckling  since  the  latter  should  result  in 
a  nearly  complete  stress  relaxation. 

As  only  partial  stress  relaxation  occurs  in  the  scale  as  a  result  of  separation,  the 
most  probable  reason  for  the  separation  is  the  deformation  of  the  underlying  metal.  In 
contrast  to  the  stress  distribution  at  the  planar  interface,  where  a  biaxial  tension  in  the  metal 
can  usually  be  ignored  (the  stress  in  the  metal  is  very  small  if  the  oxide  is  much  thinner  than 
the  metal),  the  stresses  in  the  metal  beneath  the  wrinkled  interface  are  inhomogeneous  and 
large  enough  in  certain  places  to  cause  metal  deformation  (9-11).  At  the  crests  of  the 
wrinkles,  the  tensile  stress  across  the  interface  is  created  on  cooling  and  metal  deformation 
leads  to  debonding  at  the  interface.  So,  unlike  buckling,  where  the  oxide  layer  bends  away 
from  the  metal  surface,  local  debonding  of  the  wrinkled  scale  is  believed  to  be  primarily 
due  to  the  deformation  of  the  underlying  metal  in  the  convex  regions  of  the  interface. 

Another  important  feature  of  the  measurements  presented  in  Fig.  8  is  the  striking 
difference  in  luminescence  intensity  between  the  separated  and  in-contact  oxide  ridges.  The 
average  signal  intensity  from  the  separated  oxide  is  almost  twice  larger  than  that  from  the 
same  oxide  in  contact  with  the  metal  (Fig.  8b).  For  a  typical  chromium  concentration  range 
in  the  alumina  scales  (around  0.5  -  1  wt.%),  the  luminescence  intensity  should  generally  be 
proportional  to  the  number  of  chromium  ions  within  the  probe  volume,  i.e.  to  the  scale 
thickness.  We  do  not  have  any  indications  that  chromium  concentration  might  vary 
significantly  from  place  to  place,  nor  that  the  scale  might  be  much  thicker  in  some  places 
than  in  the  others.  Since  all  measurements  were  performed  at  the  same  time  and  under 
identical  experimental  conditions  (laser  power,  objective  lens  etc.),  an  increased 
luminescence  intensity  from  the- separated  oxide  is  likely  to  be  of  the  same  origin  as  the 
optical  contrast  described  previously  (Fig.  3).  Although  a  detailed  study  of  this 
phenomenon  is  still  in  progress,  an  essential  point  is  that  the  variation  of  luminescence 
intensity  from  place  to  place  on  the  scale  of  uniform  thickness  may  be  used  to  detect  the 
areas  of  oxide  decohesion. 

From  the  results  in  Fig.  8b  it  is  also  clear  that  the  luminescence  intensity  from  the 
in-contact  ridges  is  more  uniform  than  from  the  separated  ridges.  A  substantial  scatter  of 
intensity  data  in  the  latter  case  may  reflect  another  aspect  of  the  luminescence  technique: 
intensity  dependence  on  the  thickness  of  the  separation  between  the  alumina  scale  and  the 
metal  surface.  Again,  further  work  is  required  to  quantify  this  observation. 


To  this  point,  all  piezospectroscopic  results  were  presented  for  the  scales  apparently 
free  of  cracks.  A  closer  examination  by  SEM  of  relatively  thick  scales  formed  by  oxidation 
for  200-400  hr  reveals  small  cracks  located  near  the  most  pronounced  ridges  (Fig.  9).  In 
most  cases,  they  cannot  be  seen  in  the  optical  microscope  and,  therefore,  apart  from  SEM 
observations,  the  fractured  regions  of  the  scale  can  only  be  identified  from  the  shape  and 
position  of  the  luminescence  peaks.  Obviously,  cracking  of  the  scale  during  cooling  results 
in  stress  relaxation,  thus  the  frequency  shift  from  such  places  is  noticeably  smaller  than 
from  the  adjacent  intact  regions.  A  typical  range  of  the  frequency  shifts  for  the  fractured 
regions  of  the  scale  is  shown  in  Fig.  6. 

Within  the  oxidation  times  studied,  oxide  cracking  is  only  occasional  and  mainly 
occurs  along  alloy  grain  boundaries.  The  luminescence  spectra  presented  in  Fig.  10  give  an 
example  of  how  the  scale  fracture  can  be  identified  (as  mentioned  previously,  no  visible 
spalling  or  detectable  mass  loss  were  observed  on  these  specimens  after  isothermal 
oxidation  at  1000°C).  The  spectrum  at  the  top  of  Fig.  10  corresponds  to  an  extensively 
fractured  portion  of  the  scale  with  nearly  zero  frequency  shift  relative  to  the  unstressed 
scale.  The  second  spectrum  was  recorded  from  the  region  at  the  edge  of  a  long  crack 
extended  along  the  alloy  grain  boundary.  The  frequency  shift  (Av  »  8  cm'1)  is 
approximately  half  the  average  shift  for  the  intact  scale.  This  suggests  that  the  crack  leads  to 
almost  complete  stress  relaxation  in  one  direction  (perpendicular  to  the  crack  line)  but  does 
not  change  the  stress  in  the  direction  parallel  to  the  crack  line.  Finally,  the  spectrum  at  the 
bottom  of  Fig.  10  was  recorded  from  a  severely  cracked,  but  not  spalled,  region  of  the 
scale.  Such  an  asymmetric  spectrum  can  be  fitted  by  two  symmetrical  doublets,  each 
corresponding  to  different  portions  of  the  scale:  one  under  higher  and  another  under  lower 
compression,  as  shown  by  dotted  lines.  The  presence  of  lower-stressed  oxide  indicates 
partial  stress  relaxation  as  a  result  of  cracking.  Similar  asymmetric  peaks  were  obtained  in 
the  vicinity  of  the  most  pronounced  ridges  after  prolonged  oxidation,  where  small  cracks 
can  be  observed  by  SEM  (Fig.  9). 

The  frequency  shift  from  the  buckled  scale  in  the  area  of  blisters  (Fig.  5)  almost 
always  is  close  to  zero.  Apparently,  buckling  of  the  oxide  during  cooling,  accompanied  by 
through-thickness  cracking  at  the  perimeter  of  the  blisters,  produces  a  complete  stress 
relaxation  in  the  oxide.  It  is  worth  mentioning  that,  as  in  the  case  of  local  separated  regions, 
the  luminescence  intensity  from  the  buckled  scale  is  twice  as  large  as  the  intensity  from  the 
adjacent  intact  scale. 


4.  CONCLUDING  REMARKS 


Two  distinct  forms  of  detachment  of  the  alumina  scale  from  the  underlying  Fe-Cr- 
A1  alloy  occur  after  isothermal  oxidation  at  1000°C  and  cooling  to  room  temperature.  One  is 
a  conventional  form  of  buckling  which  is  observed  in  case  of  relatively  thin  scales  (0.2-0. 5 
pm)  and  may  be  attributed  to  the  presence  of  localized  patches  of  impurities  at  the  interface 
that  significantly  decrease  the  local  interfacial  fracture  resistance. 

The  other,  more  general,  form  of  decohesion  is  associated  with  the  ridges  in  the 
wrinkling  morphology  and  resulting  tensile  stresses  across  the  oxide-metal  interface.  The 
size  and  the  number  of  separated  regions  increase  with  oxidation  time  as  the  wavelength  of 
oxide  wrinkles  increases.  Only  partial  stress  relaxation  in  the  oxide  occurs  as  a  result  of  this 
form  of  oxide-metal  separation,  so  it  is  believed  that  separation  is  caused  by  the  underlying 


metal  contracting  away  from  the  oxide  on  cooling.  Localized  separation  of  the  scale  after 
isothermal  oxidation  at  1000°C  does  not  lead  to  spalling  as  theseSd  rwlons  reiSfn 
surrounded  by  intact  regions.  However  the  results  presented  give  some  insight  into  how 
the  oxide  failure  would  occur  in  cyclic  oxidation  conditions  or  after  oxidation  at  higher 

sevSTiSSns^Ftet  foe*!™!*1  “  highher  temPeiJures  316  more  prone  to  spallingSfor 
several  reasons.  First,  the  thermal  mismatch  stress  after  cooling  is  higher  as  well  as  the 

elastic  strain  energy,  which  is  proportional  to  the  scale  thickness,  is  greater.  Additionally 

due  to  an  increase  of  the  wrinkling  wavelength  and  amplitude,  tte  separated  regions 

become  large  enough  to  link  together  creating  extended  areas  of  decohesion  §and 

eventually,  through-thickness  cracking  and  spallation  of  the  scale.  During  cyclic  oxidation 

accumulation  of  local  damage  in  the  scale  (cracks  and  separated  regions)  also  leads  to 

spontaneous  spalling  after  a  number  of  cycles.  s  '  0 

Finally,  on  the  basis  of  the  combined  microscopy  and  piezospectroscoDv 
=,mCntS  we$fnbed  ber£.u.ls  ^Ueved  that  the  initiation  of  oxide  failure  may  te 
nf  nvlt  no"'destructlvely-  increased  luminescence  intensity  from  the  certain  regions 
of  oxide  scale,  as  well  as  the  distinct  optical  contrast,  identifies  local  areas  of  §scale 
decohesion  even  when  no  visible  spalling  occurs.  Furthermore,  the  large  difference  in  the 
frequency  shift  and  shape  of  the  luminescence  peaks  between  cracked  and  intact  regions  of 
the  scale  may  make  it  possible  to  locate  where  the  scale  begins  to  fail.  g 
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FIG.  1.  Typical  morphology  of  the  wrinkled  a-Al203  scale  on  the  Fe-Cr-Al  alloy  after 
oxidation  at  1000°C  for  70  hours:  (a)  -  general  view  (0  -  oxide,  M  -  metal);  (b)  -  enlarged 
view  of  the  scale  cross-section  and  imprints  of  alumina  grains  on  the  metal  surface. 


FIG.  2.  Local  separation  of  the 
alumina  scale  after  oxidation  at 
1000°C  for  30  hr  (a),  100  hr  (b),  and 
400  hr  (c)  and  cooling  to  room 
temperature.  Separated  regions  appear 
brighter  in  optical  microscope  due  to 
their  higher  reflectivity. 


FIG.  3.  Schematic  illustration 
of  the  origin  of  the  optical 
contrast  between  separated  (a) 
and  in-contact  (b)  scale. 
Reflectivity  of  the  metal 
surface  is  proportional  to  the 
difference  in  the  index  of 
refraction:  (n,-l)  in  the 
former,  (n,-n2)  in  the  latter. 


FIG  4.  Schematic  diagram  illustrating  the  state  of  residual  stress  in  a  wrinkled  scale  and 
interface  separation  (debonding)  at  the  wrinkling  ridge  as  a  result  of  tensile  stresses  across 
the  interface.  The  oxide  remains  in  contact  at  surrounding  valleys  where  the  stress  normal 
to  the  interface  is  compressive. 


FIG.  5.  Local  buckling  of  the  alumina  scale  on  the  Fe-Cr-Al  alloy  after  oxidation  for  10  hr 
at  1000  C:  optical  micrograph  showing  the  separated  regions  of  the  scale  apparent  from 
their  higher  reflectivity;  (b)  SEM  micrograph  showing  the  pronounced  oxide  up-lift 
associated  with  buckling  (“blistering”);  (c)  cracking  of  the  scale  over  the  perimeter  of  the 
buckled  regions;  (d)  metal  surface  exposed  after  spalling  of  the  blister  (O  -  oxide,  M  - 
metal). 
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FIG.  6.  Piezospectroscopic 
stress  measurements  in  the 
alumina  scales  after  isothermal 
oxidation  at  1000°C:  spatially 
averaged  values  (open  circles) 
and  separate  data  for  ridges 
and  valleys  (solid  symbols). 
The  residual  stress  in  the  scale 
on  the  Fe-Cr-Al-Y  alloy  from 
ref.  (12)  is  shown  for 
comparison. 
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FIG.  7.  Example  of 
luminescence  spectra  recorded 
from  the  ridges  and  valleys 
after  oxidation  for  100  hr.  The 
position  of  the  R,-!^  ruby 
doublet  for  the  stress-free 
scale  is  indicated.  The 
frequency  shift  is  notably 
higher  for  the  valley  region. 
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FIG.  8.  Results  of  a  series  of  measurements  of  the  wrinkled  scale  after  100-hr  oxidation: 
(a)  -  frequency  shift  from  different  oxide  ridges;  (b)  -  luminescence  intensity  from  the  same 
places.  Open  circles  -  separated  ridges;  solid  squares  -  in-contact  ridges.  These  two  can  be 
distinguished  due  to  the  difference  in  optical  reflectivity. 


FIG.  9.  SEM  micrographs  showing  the  presence  of  micro-cracks  (indicated  by  arrows)  in 
thick  scales  after  oxidation  for  400  hr  at  1000°C.  The  cracks  appear  after  cooling  to  room 
temperature  at  crests  of  the  most  pronounced  wrinkles. 


FIG.  10.  An  example  of 
luminescence  spectra  recorded 
from  the  cracked  scale  after 
isothermal  oxidation  for  400 
hr  at  1000°C  (no  visible 
spalling  occurred). 
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